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Advanced high strength steels (AHSS) for automobile light-weighting utilize Si and Al alloying 
to retain austenite in the microstructure during thermal partitioning treatments. This research project 
utilized fully austenitic steels with varied Si and Al compositions to understand the effect of these 
elements on austenite deformation response, including deformation induced martensite formation and 
deformation twinning. Specific focus was directed at understanding austenite deformation response 
during fatigue loading. 
Independent alloying additions of 2.5 wt pct Si and Al were made to a base steel composition of 
15 Ni – 11 Cr – 1 Mn – 0.03 C (wt pct). Weak beam dark field transmission electron microscopy (TEM) 
imaging of dissociated dislocations was implemented to experimentally determine the influences of Si 
and Al on austenite stacking fault energy (SFE). The 2.5 wt pct Si alloying addition decreased the SFE by 
6.4 mJ/m
2
, while the 2.5 wt pct Al alloying increased the SFE by 12 mJ/m
2
.  
Fully reversed, total strain controlled, low cycle fatigue (LCF) tests indicated that all four alloys 
underwent primary cyclic hardening and stabilization. Secondary cyclic strain hardening was correlated to 
BCC martensite formation using Feritscope magnetic fraction measurements of LCF specimens; the 
formation of 1 pct martensite led to 7 MPa of secondary hardening. TEM showed that martensite 
predominantly formed as parallel, irregular bands through strain induced nucleation on austenite shear 
bands. The austenite shear bands consisted of austenite {111} planes with concentrated dislocations, 
stacking faults, and/or HCP ε-martensite. Aluminum alloying promoted martensite formation during LCF, 
while Si suppressed martensite. Therefore, the strain induced nucleation process was not suppressed by 
the increased SFE associated with Al alloying. 
Tensile testing indicated that Si alloying promoted deformation twinning by lowering the SFE. 
Similarly to LCF loading, Al promoted martensite formation and Si suppressed martensite formation 
during tensile loading. Both twinning and martensite formation increased tensile work hardening, but 
deformation twinning led to better combinations of strength and ductility.  
X-ray diffraction (XRD) measurements indicated that 1 wt pct of Al alloying expands the 
austenite lattice equivalently to 0.15 wt pct C. Therefore, XRD measurements of retained austenite C-
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CHAPTER 1: INTRODUCTION 
Advanced high strength steels (AHSS) have received research interest because their superior 
combinations of strength and ductility allow automobile manufacturers to use thinner structural sections, 
which reduces vehicle weight and improves fuel efficiency. AHSS designs benefit from the presence of 
retained austenite in the microstructure. The steel properties can be enhanced by optimizing the austenite 
deformation response, including transformation induced plasticity (TRIP) and twinning induced plasticity 
(TWIP).  
Austenite is retained in the microstructure of lower-alloyed steels through specialized heat 
treatments that promote C or Mn-partitioning to austenite from ferritic-type phases. Silicon and aluminum 
are added to AHSS to inhibit carbide formation during partitioning, therefore maximizing the extent of 
elemental partitioning to austenite. There are manufacturing advantages and disadvantages to both Si and 
Al alloying. Additionally, Al alloying increases the mechanical stability of austenite and, therefore, 
influences the mechanical properties of AHSS. Aluminum has been proposed to mechanically stabilize 
retained austenite by both increasing the austenite stacking fault energy (SFE) and enhancing C-
partitioning to austenite during heat treatment. 
The current study utilizes fully austenitic steels containing different Si and Al contents, thus 
eliminating some chemical and mechanical interactions between austenite and ferritic-type phases. The 
alloy approach therefore allows the roles of Si and Al in austenite solid solution to be isolated and 
evaluated. Transmission electron microscopy (TEM) was used to evaluate the influences of Si and Al on 
the austenite SFE. Tensile and low cycle fatigue (LCF) testing were used to evaluate the influence of SFE 
on deformation behavior, including TRIP and TWIP, and the corresponding influences on cyclic and 
tensile strain hardening response. Specific attention was directed at understanding martensite nucleation 
during LCF loading, since previous studies have not systematically evaluated the effect of SFE. 
Additionally, austenite lattice expansion due to Al alloying was measured and correlated to an equivalent 
C-content based on lattice expansion. The result is important for Al-alloyed AHSS, where austenite C-
contents are determined from austenite lattice parameter measurements. 
Austenite deformation behavior during fatigue loading was emphasized in the current study, 
because the deformation response of austenite is less understood in fatigue than in monotonic loading. 
Furthermore, previous literature has shown that martensite formation during fatigue loading has some 
unique characteristics, such as occurring only after a certain accumulated cyclic plastic strain and 
subsequently influencing the stress amplitude. LCF loading was selected over other fatigue loading 
conditions because LCF facilitates martensite characterization. LCF durability considerations may also be 
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important in certain automotive structure designs. Additionally, the fatigue induced martensite results are 
general and may be applicable to other fatigue loading situations. 
1.1 Research Goals 
This research project utilized fully austenitic alloys with different Si and Al contents to achieve 
the following goals: 
1. Determine the influence of Si and Al alloying on the austenite SFE using transmission 
electron microscopy. 
2. Characterize martensite nucleation sites during LCF and evaluate the influence of the 
SFE on martensite nucleation. 
3. Correlate martensite formation to LCF cyclic strain hardening. 
4. Evaluate the influence of SFE on martensite formation and deformation twinning during 
tensile loading.  
5. Investigate deformation twinning during LCF loading, including its influence on cyclic 
strain hardening. 
6. Utilize X-ray diffraction to measure the austenite lattice expansion from Al alloying, and 
correlate it to an equivalent austenite C-content. 
 
The experimental goals were developed to further the understanding of austenite deformation 
behavior in AHSS for automotive applications. Silicon and Al are critical alloying elements for austenite 
retention in AHSS, and their influences on the SFE and austenite stability are important for optimization 
of steel designs. Extending the analysis to fatigue loading is important, because austenite deformation 









CHAPTER 2: BACKGROUND 
This chapter outlines the technical background and motivation for the current project. The first 
section introduces advanced high strength steels (AHSS) for application in the automotive industry. 
Specific topics include: the classes of AHSS; the role of retained austenite in mechanical behavior; 
different heat treatments that retain austenite in the microstructure, with particular emphasis on the roles 
of Si and Al alloying on austenite retention; and the influences of Si and Al on the mechanical stability of 
austenite. The next section introduces the fundamental principles of strain induced martensite formation, 
with specific consideration of the effects of Si and Al on austenite stability. The following section 
provides a brief introduction to deformation twinning and the twinning induced plasticity (TWIP) effect, 
with consideration of the influences of Si and Al on TWIP response. 
The final section presents the cyclic deformation behavior of austenite. The first subsection 
presents cyclic stress-strain response and dislocation structure evolution over the fatigue life. The second 
subsection discusses the influence of deformation induced martensite formation on the fatigue response of 
metastable austenitic steels during strain-controlled low cycle fatigue (LCF) loading. The next subsection 
briefly presents the influence of deformation induced martensite on stress-controlled fatigue loading of 
metastable austenite. The final subsection presents literature studies on the fatigue behavior of multiphase 
AHSS containing metastable austenite. 
2.1 AHSS for Automotive Applications 
AHSS are candidate materials for reducing automobile weight and improving fuel efficiency. The 
increased strengths of AHSS relative to mild ferritic steels permits automobile structural components to 
be fabricated from thinner gauge sheet, reducing vehicle mass. Potential AHSS designs must also display 
appreciable ductility, in addition to high strength levels, because the combination of high strength and 
ductility is important for formability and automobile crashworthiness. AHSS are predominantly 
implemented in passenger safety structures for energy absorption and anti-intrusion applications [1]. 
The fatigue response of AHSS has not been studied as extensively as tensile response. Fatigue 
properties are expected to influence the implementation of AHSS in fatigue critical applications, such as 
undercarriage components or components that experience cyclic plastic strain due to geometric stress 
concentration  [2–4]. The fatigue response of metastable austenite, a key microstructural constituent in 
new AHSS designs, is the focus of this research. 
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The following sections introduce the classes of AHSS, the role of retained austenite in AHSS, the 
heat treatments used for austenite retention and their relation to Si and Al alloying, and the influences of 
Si and Al on austenite tensile stability. 
2.1.1 Classes of AHSS 
AHSS can be grouped into three generations. Figure 2.1 shows the three generations in terms of 
their elongation as a function of tensile strength relative to conventional steel grades [5,6]. The first 
generation is comprised of microstructures containing predominantly ferritic constituents, including dual 
phase (DP) and transformation induced plasticity (TRIP) steels. DP steels consist of a soft ferrite matrix 
interspersed with hard martensite particles, which are formed upon quenching of an intercritically 
annealed microstructure. DP steel strength is controlled principally by changing the martensite fraction, 
i.e. the intercritical austenite fraction. DP steels have been produced with tensile strengths in the range of 
500 to 1000 MPa. TRIP steels contain combinations of ferrite, bainite, metastable austenite, and 
martensite, as shown in Figure 2.2. TRIP steels display a larger uniform elongation at a given strength 
level compared to DP steels. The improved elongation is attributed to increased strain hardening from 
strain induced austenite to martensite transformation [1]. TRIP steel heat treatments to promote austenite 
retention will be discussed in Section 2.1.3. 
 
Figure 2.1 Total elongation as a function of tensile strength for conventional and advanced high 
strength steels [5,6]. The “Austenite + Martensite” and “Ferrite + Martensite” lines 
indicate mechanical properties predicted from a composite model with various martensite 
volume fractions. 
 
The second generation AHSS consist of fully austenitic microstructures and include austenitic 
stainless steels, Mn-alloyed twinning induced plasticity (TWIP) steels, and microband induced plasticity 
steels. The second generation alloys display excellent tensile properties and lie at the top right of the 
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elongation versus strength plot. However, the extent of Ni and Mn alloying required to stabilize fully 
austenitic microstructures is cost prohibitive, making the alloys economically less attractive.  
 
Figure 2.2 Scanning electron microscope image of a TRIP steel microstructure containing ferrite (F), 
bainite (B), and austenite (A) [7]. 
 
Designs for the third generation AHSS microstructures were identified by Matlock and Speer, 
using Mileiko composite modeling of steels containing different fractions of high strength ferrite or 
martensite and austenite, as shown by the predicted property line in Figure 2.1 [5,6]. The quench and 
partitioning (Q&P) process is one possible processing route to achieve the design criteria for third 
generation AHSS. Figure 2.3 shows the mixed austenite/martensite structure produced by the Q&P 
treatment [8]. Figure 2.4 shows the property band of Q&P steels relative to other AHSS [5]. The Q&P 
steels can achieve higher strength levels than TRIP steels due to the presence of the hard martensitic 
constituent, while displaying improved ductility over martensitic steels due to the presence of austenite. 
Austenite is retained in Q&P steels through lower temperature carbon partitioning in low alloy steels, 
which will be discussed in Section 2.1.3. Intercritical partitioning of Mn in steels containing 5-8 wt pct 
Mn may also achieve third generation AHSS mechanical property goals [9–11]. 
2.1.2 Role of Retained Austenite in AHSS 
Retained austenite is desirable in AHSS because it increases ductility at a given strength level 
relative to steel designs without retained austenite. However, the role of retained austenite differs slightly 
between the three generations of AHSS. 
In TRIP steels (first generation AHSS), retained austenite is a hard microstructural constituent. 
Jacques et al. used nanohardness testing and in-situ neutron diffraction to show that austenite is harder 
than ferrite and bainite, but softer than martensite, owing to the high retained austenite C-content (1.25-
1.5 wt pct) [12]. Therefore, the austenite present in low alloy TRIP steels does not increase ductility by 
serving as a ductile microconstituent from a composite modeling perspective. Rather, the austenite 
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improves ductility through strain induced martensitic transformation that promotes work hardening and 
delays necking. A maximum amount of work hardening can be achieved for intermediate austenite 
stabilities; unstable austenite will transform at low plastic strains and is unavailable to transform at high 
strain, while highly stable austenite will never transform [13]. Therefore, TRIP steel properties can be 
optimized by creating microstructures with the maximum amount of austenite with optimal stability. 
 
 
Figure 2.3 Bright field (left) and austenite (002) dark field (right) TEM micrographs of a quench and 
partitioned steel showing a mixed austenite/martensite structure [8]. Austenite appears 
bright in the right figure. 
 
 
Figure 2.4 Total elongation as a function of tensile strength for Q&P steels relative to TRIP, DP, and 
martensitic steels [5].  
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In second generation AHSS, fully austenitic microstructures are stabilized by large alloying 
additions of Mn or Ni. For these steels, observed stress-strain response is dictated solely by austenite 
response. Austenitic stainless steels can display dislocation glide, deformation twinning, and martensitic 
transformation [14–16]. The highly Mn-alloyed TWIP steels rely on pronounced deformation twinning to 
achieve excellent strength-ductility combinations [17,18]. Microband induced plasticity steels display 
planar glide and rely on high microband dislocation densities to promote continuous work hardening and 
excellent strength-ductility combinations [19,20]. 
In third generation AHSS, retained austenite exists in a high strength ferritic matrix, such as 
martensite. The primary role of austenite in the design of third generation AHSS is to serve as a ductile 
phase that enhances ductility through work hardening; the “Austenite + Martensite” line in Figure 2.1 was 
derived using mechanical properties of stable austenite that does not transform to martensite. Nonetheless, 
austenite stability has been linked to the overall performance of Q&P [21] and Mn-partitioned [11] third 
generation AHSS. Matlock and Speer proposed a modified Mileiko composite model that accounts for the 
influence of deformation induced martensitic transformation on mechanical properties [5]. 
2.1.3 Heat Treatments that Retain Austenite - the Roles of Si and Al 
First and third generation AHSS rely on novel heat treatments to retain austenite in the 
microstructure, since the bulk steel compositions are leaner in austenite stabilizing elements than fully 
austenitic alloys. In low alloy AHSS, heat treatment is accomplished by carbon partitioning to retained 
austenite during lower temperature isothermal holding.  
Figure 2.5 shows a schematic heat treatment schedule for TRIP steels [1]. The steel is first 
intercritically annealed to establish a mixture of ferrite and C-rich austenite in the structure. The steel is 
then rapidly cooled to the isothermal bainitic transformation (IBT) temperature, which is typically near 
400 °C. During the IBT step, bainitic ferrite forms at the expense of the austenite. Additionally, C is 
partitioned from the bainitic ferrite into the austenite, increasing the austenite C-content and decreasing 
the martensite start (MS) temperature. Then, upon final cooling to room temperature, appreciable fractions 
of austenite are retained due to the depressed MS temperature. Small fractions of fresh martensite can 
form during cooling to room temperature, since the austenite does not have a uniform C-content nor MS 
temperature. 
Figure 2.6 shows a schematic heat treatment schedule for Q&P steel [22]. In the schematic, the 
steel is first fully austenitized to create a homogeneous austenite structure. The steel is then quenched to a 
temperature (QT) between the MS and MF (martensite finish) temperatures to form an initial fraction of 
martensite. The austenite/martensite structure is then held at the partitioning temperature (PT) to promote 
C-diffusion from the C-supersaturated martensite into the adjoining austenite. The C-partitioning 
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treatment lowers the MS and promotes austenite retention at room temperature. The PT can be chosen as 
either the QT (one step Q&P) or a temperature slightly above the QT (two-step Q&P); Figure 2.6 shows a 
two step Q&P process. Upon cooling to room temperature, additional fresh martensite can form. 
 
Figure 2.5 TRIP steel heat treatment process [1]. 
 
 
Figure 2.6 Schematic Q&P steel heat treatment process [22]. 
 
Both the TRIP and Q&P steel heat treatments rely on C-partitioning from ferritic-type 
constituents to austenite to retain austenite in the room temperature microstructure. However, this 
partitioning process is only effective if the C is transferred into the austenite and not into other C-rich 
microconstituents. Therefore, successful TRIP and Q&P heat treatments must avoid carbide formation, 
since carbides will dilute the austenite C-content.  
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Carbide suppression in TRIP steel processing is achieved by alloying with Si and/or Al. Both 
elements are insoluble in cementite and drastically retard cementite formation. De Cooman reviewed the  
advantages and disadvantages of Si and Al alloying in TRIP steels [1], which are summarized below. 
Silicon more effectively suppresses cementite formation than Al, and TRIP steel designs benefit 
from Si contents of at least 0.3 to 0.8 wt pct. Silicon is also a more effective solid solution strengthener of 
ferritic phases, and will therefore increase the strength relative to Al-alloyed TRIP steels. However, high 
Si contents promote the formation of adherent surface oxides that impair the hot dip galvanizing process. 
Furthermore, Si retards the bainitic transformation kinetics and necessitates longer IBT treatments. For 
industrial processing, the longer IBT requires a longer over aging section, which may not always be 
feasible.  
Aluminum alloying is beneficial because it accelerates the bainite transformation kinetics and 
reduces the required IBT time [1,23,24], thus facilitating industrial production of hot-dip coated TRIP 
steels. Al-alloyed TRIP steels also show improved galvanizing response relative to Si-alloyed steels 
[25,26]. Aluminum alloying also increases the retained austenite C-content relative to Si-alloying, which 
depresses the MS temperature. However, Al thermodynamically destabilizes austenite and raises the MS 
temperature, such that the effect of increased austenite C-content may be offset. An increase in MS 
temperature may be undesirable because it promotes fresh martensite formation during final cooling and 
decreases the mechanical stability of retained austenite. The influences of Al and Si alloying on the 
mechanical stability of austenite will be presented in Section 2.1.4. 
The preceding discussion considered the influence of Si and Al on the IBT step of TRIP steel 
processing. The partitioning step of the Q&P process is also performed at subcritical temperatures, so the 
same basic trends in heat treatment responses with Si and Al alloying may be expected. In fact, traditional 
TRIP steel compositions have been successfully processed via the Q&P process to retain substantial 
austenite fractions [27].  
In contrast to subcritical C-partitioning, Mn-partitioning is carried out in the intercritical ferrite 
and austenite regime [9–11,28,29]. The higher partitioning temperature is required since Mn diffuses as a 
substitutional element. Mn-partitioning steel compositions also typically contain appreciable Si and/or Al 
alloying additions. For example, De Cooman and Lee utilized 2-3 wt pct Si and/or Al alloying in their 
study of Mn-partitioning steels [29]. The reasons for the Si and Al additions are similar to those for TRIP 
steel processing. Silicon is added to preclude carbide formation, particularly in higher Mn steels where 
Mn-carbide formation may occur. Aluminum is added to raise the intercritical temperature range to 
enhance partitioning kinetics. 
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In conclusion, Si or Al alloying are ubiquitous in AHSS that utilize partitioning treatments to 
enrich austenite with austenite-stabilizing elements. The influences of Si and Al alloying on the 
mechanical stability of austenite in TRIP steels are discussed in the next section. 
2.1.4 Influences of Si and Al Alloying on Austenite Stability 
The substitution of Al for Si alloying in TRIP steels has been shown to increase the austenite 
stability, or resistance to strain induced martensite formation, during tensile loading. Samek et al. 
investigated TRIP steels with various Si, Al, and P alloying additions [30]. Figure 2.7 shows the evolution 
of deformation induced martensite fraction with applied true strain for their steels. The more highly Al-
alloyed “CMnAl” and “CMnSiAlP” steels showed the highest resistance to deformation induced 
martensite. Similarly, De et al. observed that replacement of approximately 1 wt pct Al for Si increased 
the austenite stability in their study of TRIP steels [31].  
 
Figure 2.7 Evolution of deformation induced martensite fraction (fα’) with applied true strain for four 
TRIP steels with different Si, Al, and P additions. Alloy details can be found in the 
original sources [1,30]. 
 
Replacing Al for Si in TRIP steels increases the austenite stability. In contrast to varying the Al 
content, Jacques et al. held the Al-content constant but varied the Si-content in TRIP steels [32]. 
Figure 2.8 shows the evolution of deformation induced martensite fraction with applied strain for a low Si 
(L – 0.38 wt pct Si) and a high Si (H – 1.5 wt pct Si) TRIP steel for various heat treatment schedules. 
Figure 2.8 shows that irrespective of the specific heat treatments employed, the high Si alloy has a higher 
resistance to deformation induced martensite formation. Therefore, Si also increases austenite stability, 
but apparently to a lesser degree than Al. The possible mechanisms of mechanical austenite stabilization, 
specifically related to Si and Al alloying, are discussed in Section 2.2.2. The goals of the current project 
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initially stemmed from a desire to understand the influence of Si and Al alloying on austenite stability in 
AHSS. 
 
Figure 2.8 Evolution of deformation induced martensite fraction (1-(Vγr/ Vγr0)) with true strain 
(normalized by the uniform strain) [32]. The “L” data correspond to a low Si steel 
containing 0.38 wt pct Si, and the “H” data correspond to a high Si steel containing 
1.5 wt pct Si. 
2.2 Strain Induced Martensite Formation 
The following section will introduce fundamental concepts of strain induced martensite 
formation, since AHSS designs benefit from TRIP work hardening. The second section focuses on 
possible roles of Si and Al on stabilizing austenite against deformation induced martensite formation. The 
considerations are important because Si and Al are critical for retention of austenite during thermal 
processing of AHSS. 
2.2.1 Basic Principles of Strain Induced Martensite Formation 
Figure 2.9 shows a schematic stress vs. temperature map for the different martensite nucleation 
regimes. Below the MS temperature, martensite formation is spontaneous without applied stress due to 
sufficient undercooling below the T0 temperature, i.e. the temperature where austenite and ferrite of the 
same composition have the same free energy. Above the MS temperature but below the 
σ
S
M  temperature, 
martensite nucleation is stress assisted. In the stress assisted regime, yielding is achieved through the 
phase transformation itself. Maxwell et al. studied athermal, stress assisted, and strain induced 
martensites in the Fe-Ni-C system [33]. They noted that the plate morphologies of athermal martensite 
and stress assisted martensite are similar, and concluded that the applied stress provides additional driving 
force for activation of preexisting martensite nuclei.  
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Figure 2.9 Schematic showing the stress-temperature regimes of stress assisted and strain induced 
martensite formation relative to the characteristic martensitic transformation 




M temperature but below the Md temperature, martensite nucleation is strain induced. 
Initial yielding is accommodated by dislocation slip in austenite, and martensite is only nucleated after a 
certain plastic strain incubation period. Above the Md temperature, no martensitic transformation occurs. 
The Md30 temperature, which is the temperature at which 30 pct tensile deformation induces 50 pct 
martensite, is commonly determined instead of the Md temperature.  
Maxwell et al. noted that the morphology of strain induced martensite is distinct from 
spontaneous or stress assisted martensite; strain induced martensite occurred along austenite slip bands, 
and not as discrete plates [33]. Olson and Cohen determined that the stacking sequence at the intersection 
of two austenite shear bands generates a BCC nucleus [34]. Figure 2.10(a) shows their proposed model 
for martensite formation at shear band intersections. Figure 2.10(b) shows experimental evidence of α-
martensite nucleation at the intersection of two shear bands in an austenitic alloy [35]. One shear band is 
the HCP ε-martensite that is formed by densely packed overlapping stacking faults, while the other is a 
mixture of austenite and ε-martensite. Other austenite shear bands that are capable of strain induced 
martensite nucleation are twins and dense stacking fault bundles [36] . 
2.2.2 The Roles of Si and Al in Mechanical Austenite Stabilization 
Section 2.1.4 showed that both Si and Al alloying affect the tensile stability of austenite in 
multiphase TRIP steels. This section will consider the possible influences of Si and Al to the fundamental 
mechanisms of strain induced martensite formation. Possible contributions include: (i) the austenite 



















transformation, (iii) differences in carbon partitioning to austenite during thermal processing, and (iv) 
differences in solid solution strengthening of non-austenitic microconstituents. 
  
(a) (b) 
Figure 2.10 (a) Schematic representation of α-martensite nucleation on a shear band intersection. (b) 
Bright field TEM micrograph of α-martensite nucleation on the intersection of two shear 
bands, one containing ε-martensite and the other containing alternating ε-martensite and 
austenite. The twinning shears are indicated by “T” [34,35]. 
 
Contribution (i): The austenite SFE is expected to influence strain induced martensite nucleation 
through its influence on austenite shear band formation. Lowering the SFE inhibits dislocation cross slip, 
and therefore promotes the concentration of slip into discrete bands. Lowering the SFE will also lead to 
larger faulted regions between dissociated dislocations, which can serve as α-martensite nuclei. 
Furthermore, ε-martensite is formed from overlapping stacking faults on alternating austenite {111} 
planes. A lower SFE will therefore promote ε-martensite formation. In fact, the thermodynamic driving 
force for the austenite to ε-martensite phase transformation ( εγ →∆G  ) is directly related to the austenite 
SFE by: εγεγ σρ /22 +∆= →GSFE , where ρ is the molar density of austenite {111} planes and εγσ / is the 
interfacial energy between austenite and ε-martensite [37]. Therefore, a lower SFE promotes shear band 
formation and strain induced α-martensite nucleation [36]. 
Dumay et al. thermochemically modeled the influence of different alloying elements on the 
austenite SFE by considering their influence on εγ →∆G in a 22 Mn – 0.6 C (wt pct) steel [38]. Figure 2.11 
shows that Al increases the SFE appreciably. TEM weak beam dark field (WBDF) imaging of dissociated 
dislocations has confirmed that Al increases the SFE in high Mn steels [39]. 
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Figure 2.11 Influence of various alloying elements on the SFE of a 22 Mn – 0.6 C austenitic steel 
[38]. 
 
Aluminum is widely accepted to increase the SFE. However, the influence of Si on the SFE is 
less clear. Figure 2.11 shows that Si slightly increases the SFE in a high-Mn steel. However, other 
research shows that Si decreases the SFE in Cr-Ni austenitic alloys [40,41]. Regardless of the exact 
influence of Si on the SFE, the replacement of Si with Al in AHSS increases the austenite SFE; Si either 
slightly increases or actually decreases the SFE, while Al appreciably increases the SFE. Therefore, 
considering only the SFE effect, Al-alloyed AHSS are expected to be more resistant to deformation 
induced α-martensite formation. 
Contribution (ii): The thermodynamic stability of austenite relative to α-martensite is expected to 
influence the mechanical stability of austenite as depicted previously in Figure 2.9. Mahieu et al. [23]  
used a modified form of the Andrews MS temperature equation [42], which is shown below in 
Equation 2.1, to account for the influence of various alloying elements on the MS temperature: 
 MS (°C) = 539 – 423*C – 30.4*Mn – 7.5*Si + 30*Al (wt pct) (2.1) 
 
Silicon lowers the MS temperature and therefore stabilizes austenite relative to α-martensite. 
Conversely, Al raises the MS temperature and destabilizes austenite relative to α-martensite. While the MS 
temperature is not strictly a thermodynamic quantity, it represents a possible parameterization of austenite 
stability since it captures the undercooling required for athermal martensite formation. For deformation 
induced martensite, the influences of Si and Al on the Md temperature should be considered, since this 
characteristic temperature defines the upper limit of strain induced martensite nucleation. Smaga et al. 
compiled various formulations for the Md30 temperature for austenitic stainless steels [43]. All of the 
formulations indicate that Si depresses the Md30 temperature. The effect of Al on the Md30 temperature is 
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not typically considered in the stainless steel literature. However, De Cooman reports that Al alloying 
dramatically increases the Md30 temperature relative to Si alloying in TRIP steels [1]. Accordingly, Si 
should inhibit strain induced martensite formation, and Al should promote it, considering only the 
influences of Si and Al on the characteristic martensite transformation temperatures. 
Contribution (iii): The amount of C partitioned to austenite during heat treatment of AHSS is also 
expected to influence the tensile stability of retained austenite. Carbon is a potent austenite stabilizer and 
dramatically depresses the characteristic martensitic transformation temperatures (see for example 
Equation 2.1). Furthermore, C drastically increases the SFE [44,45]. For both of these reasons, Al-alloyed 
AHSS should have higher austenite stability, if Al alloying enhances carbon partitioning to austenite. 
Contribution (iv): The mechanical properties of the non-austenitic microstructures surrounding 
retained austenite in AHSS are also expected to influence austenite stability. Jacques et al. showed that an 
increased TRIP steel Si content increased the austenite stability for a fixed Al content (Figure 2.8 [32]). 
The increased stability was attributed to Si solid solution strengthening of the surrounding microstructure. 
Figure 2.12 shows the effect of numerous alloying elements on ferrite yield strength [46]. Silicon is a 
much more effective solid solution strengthener than Al.  
 
 
Figure 2.12 Solid solution strengthening of ferrite as a function of alloy content for various elements 
[46]. 
 
Austenite stability is influenced by the increased strength of the ferritic microconstituents in Si-
alloyed AHSS. Stronger surrounding microstructures may alter the microstructural stress-strain 
partitioning during tensile testing [32]. Furthermore, the stronger, Si-alloyed surrounding microstructure 
may offer increased resistance to the transformation strains associated with martensitic transformation. 
Therefore, Si-alloyed TRIP steels are expected to have more stable austenite than Al-alloyed AHSS when 
considering only the effect of solid solution strengthening. 
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The possible influences of Si and Al on austenite stability in AHSS are complex. The increased 
SFE and retained austenite C-content due to Al alloying suggest Al-alloyed AHSS should have higher 
austenite stability than Si-alloyed AHSS. This trend is consistent with literature observations (Figure 2.7). 
However, the increased thermodynamic stability of austenite and increased strength of surrounding 
microconstituents due to Si alloying suggest Si-alloyed AHSS may be more stable.  
The complex mechanisms of austenite stabilization in multiphase steels was the motivation for 
developing fully austenitic steels with varied Si and Al contents in this study (Section 3.1). The fully 
austenitic starting microstructure eliminates the effect of C-partitioning between phases as well as the 
effect of the surrounding microstructure strength on austenite stability. 
2.3 Deformation Twinning 
Silicon and Al alloying may also alter the mechanical response of AHSS through their influence 
on SFE, because the SFE has been correlated to austenite deformation behavior. Figure 2.13 shows the 
dependence of austenite deformation mechanisms on the SFE [20]. In the figure, the σtwin line represents 
the applied stress required to cause infinite separation (“breakaway”) of partial dislocations as a function 
of SFE. Below approximately 20 mJ/m
2
, the SFE is sufficiently low and ε-martensite formation is 
thermodynamically favored; extended stacking faults form on every other {111} plane to form ε-
martensite, instead of twins, which require stacking faults on successive {111} planes. Above 
approximately 20 mJ/m
2
, ε-martensite formation is suppressed. In this SFE regime, deformation is by 
dislocation glide below the σtwin line. If the applied stress is increased above the σtwin line, then 
deformation twinning will occur via stacking faults on successive {111} planes. Producing conditions to 
exceed σtwin is most easily achieved with a low SFE, since the breakaway stress is lower. Therefore, the 
TWIP effect is more pronounced at low stacking fault energies near 20 mJ/m
2
 [47]. 
Figure 2.14 shows that the strain hardening rates of low SFE FCC alloys are higher than high 
SFE alloys [48]. Work hardening is promoted by the continual subdivision of the austenite by 
deformation twins; Figure 2.15 shows austenite subdivision by two orientations of deformation twins in a 
Cr-Mn austenitic steel pulled to 0.3 true strain [44]. Therefore, if Al is added in sufficient quantities, it 
may increase the SFE and inhibit deformation twinning and the TWIP effect. The influence of Si on the 




Figure 2.13 Dependence of austenite deformation mechanisms on the SFE [20]. 
 
 
Figure 2.14 Normalized strain hardening rate as a function of true strain for various low and high SFE 
FCC alloys. Modified from [48]. 
2.4 Austenite Cyclic Deformation Behavior 
This section first presents the cyclic stress-strain response and deformation microstructures of 
FCC metals subjected to LCF loading. Second, martensite formation during LCF loading is discussed. 
Next, stress controlled testing of metastable austenitic steels is briefly introduced. Finally, literature 






Figure 2.15 Bright field TEM micrograph of deformation twins and corresponding selected area 
diffraction pattern in a Cr-Mn austenitic steel pulled to 0.3 true strain [44]. 
2.4.1 Cyclic Stress-Strain Response and Deformation Microstructures 
Correlations between cyclic stress-strain response and deformation structure have been identified 
in the literature. Figure 2.16 shows the dependence of maximum tensile stress on cycle number for an 
AISI 316L alloy specimen cycled to failure at 0.7 pct total strain amplitude [49]. The steel is stable 
against deformation induced martensite formation at room temperature and was tested at a strain 
amplitude within the range employed in the current study. In the initial 20 cycles, the stress amplitude 
increases with cycle number, which is termed primary cyclic hardening. Following primary cyclic 
hardening, there is a slight drop in stress amplitude up to 1000 cycles, followed by a plateau that lasts 
until failure. This regime is termed the cyclic stabilization regime. 
 
 




Table 2.1 summarizes different microstructures that are commonly observed in FCC alloys after 
strain controlled fatigue tests. The following paragraphs will summarize the evolution of dislocation 
structures during LCF. Additional information about LCF microstructural development can be found in 
the references cited in the table. Additionally, Klesnil and Lukas and Christ provide overviews of LCF 
microstructural evolution and cyclic stress-strain response [50,51].  
Primary cyclic hardening is due to dislocation generation and interaction to form tangles that 
inhibit further slip (Table 2.1). Cyclic saturation occurs by the localization of cyclic plastic strains in the 
microstructure. First, dislocation veins form by arrangement of primary dislocation loops, which are 
elongated in the edge direction, into overlapping patches (Table 2.1). Next, persistent slip bands (PSBs) 
form through cross slip and annihilation of the loop patch screw components. PSBs consist of high 
dislocation density walls that contain edge dislocations and edge dislocation dipoles, and low dislocation 
density channels that are spanned by screw dislocations. Single slip dominates in PSBs, and PSBs are 
regions of high strain localization, which will be discussed in more detail below. Table 2.1 shows that two 
morphologies of PSBs exist. The “ladder” PSB structure is observed when viewing a TEM foil 
perpendicular to the slip plane, i.e. on the {112} zone axis that contains both the slip plane normal and the 
Burgers vector. The “wall” PSB structure is observed when the slip plane is viewed face on, i.e. on the 
slip plane {111} zone axis. Many researchers distinguish between the two structures, but both structures 
are similar in that they are dominated by single slip and are regions of high strain localization. The two 
morphologies will both be characterized as PSBs in the current study. 
Figure 2.17 shows the cyclic stress-strain (CSS) curve for single crystal copper specimens [52]. 
The CSS curve is the locus of stabilized stress amplitudes as a function of applied strain amplitude. In 
stage A of the CSS curve, the stabilized stress amplitude increases with applied strain amplitude because 
the dislocation density in the vein structure increases with strain amplitude in this regime. Stage B is 
marked by a constant stabilized stress amplitude irrespective of applied strain amplitude. At the onset of 
stage B, a small fraction of PSBs are formed in the vein (matrix) structure. The PSBs accommodate the 
majority of the applied plastic strain. As the strain amplitude is increased in stage B, the fraction of PSBs 
in the microstructure increases. The additional PSBs are able to accommodate the applied plastic strain 
without increasing the applied stress. By the end of stage B, the vein structure is almost entirely replaced 
by PSB structures. Stage C is marked by increases in stabilized stress amplitude with increases in strain 
amplitude. The onset of stage C is due to secondary slip activation and hardening of all of the PSBs. 
Further increasing the strain amplitude in region C leads to the conversion of PSBs into dislocation 
labyrinth and cell structures through additional secondary slip activation. Table 2.1 shows examples of 
dislocation labyrinths and cells. 
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-Form at onset of stabilization 
-Primary dislocation loops 
elongated in edge direction 
-Loops stacked on top of one 
another 







-Form from veins during 
stabilization 
-High local plastic strain 
-Slip plane out of page along b 
-Edge dislocation wall “rungs” 
perpendicular to b 








-Form from veins during 
stabilization 
-High local plastic strain 
-Edge dislocation walls 
-Screw dislocations spanning 
channels parallel to b 







Table 2.1 (Cont.) – Summary of Common Dislocation Structures Observed in FCC Metals 
 
Stage B of the single crystal CSS curve demonstrates an important observation: the PSBs all 
deform at single, large plastic strain amplitude (γpl,PSB in the figure). Comparison of the PSB plastic strain 
amplitude to the vein (matrix) plastic strain amplitude (γpl,M) indicates that the PSBs accommodate 
approximately 100 times more plastic strain than the surrounding microstructure. The intense slip 
concentration in PSBs is unique to fatigue loading, and ultimately leads to surface intrusions and 
extrusions, which nucleate fatigue cracks [50]. 
Polycrystalline CSS curves differ somewhat from their single crystal counterparts because of the 
added constraint of grain-to-grain deformation compatibility. As such, secondary slip is more prevalent in 
polycrystalline specimens and PSB strain localization is less severe than in single crystals, particularly in 
interior grains [50]. Accordingly, there is no plateau in the polycrystalline CSS, and the stabilized 
microstructures generally consist of complex mixtures of veins, PSBs, cells, and labyrinths.  
The microstructures formed in FCC metals during stabilization are dependent on the applied 
strain amplitude and the ease of dislocation cross slip. Figure 2.18 shows the expected trends in 
deformation microstructure with slip character (i.e. SFE) on the y-axis and cycles to failure (or conversely 
applied strain amplitude) on the x-axis. At low strain amplitudes, low SFE promotes planar dislocation 
networks and tangles, while high SFE promotes vein or PSB structures. High strain amplitudes are 
expected to promote cell structures. 
Labyrinth 
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Figure 2.17 Cyclic stress-strain curve for copper single crystals oriented for single slip [52]. The 










































Figure 2.18 Schematic stabilized microstructure map for LCF loading of FCC metals. Adapted from 
[50,51]. 
 
CSS curves show the stabilized stress amplitude at various applied strain amplitudes, but do not 
convey any information about end-of-life hardening response. Figure 2.19 shows cyclic hardening curves 
for polycrystalline copper specimens cycled in air and vacuum [51]. The specimen cycled in air shows 
primary hardening, stabilization, and fatigue crack propagation, similar to the AISI 316L cyclic hardening 
curve shown previously (Figure 2.16). In this case, a critical fatigue crack is nucleated on a PSB intrusion 
in the stabilized regime. However, the specimen cycled in vacuum shows extended fatigue life and 
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secondary cyclic hardening. Testing in vacuum prevents oxidation of PSB intrusions, allowing them to be 
“re-welded” during continued cycling [50,51], thus extending the fatigue life. The secondary cyclic 
hardening is due to slow, but progressive strengthening of the microstructure through additional 
activation of secondary slip. The extended fatigue life from testing in vacuum is required to observe 
appreciable secondary hardening at the low strain amplitude represented in Figure 2.19. In air, secondary 
hardening can be achieved at higher strain amplitudes, and is more pronounced in polycrystalline 
specimens than single crystals, due to increased secondary slip activation [54]. As mentioned previously, 
stabilized polycrystalline specimens have complex mixtures of single and secondary slip dislocation 
structures. Nonetheless, secondary cyclic hardening occurs through additional activation of secondary slip 
in polycrystalline specimens. 
 
Figure 2.19 Cyclic hardening curves for polycrystalline copper specimens cycled in air and vacuum 
[51]. 
2.4.2 Deformation Induced Martensite Formation during LCF 
Metastable austenitic steels can undergo deformation induced martensitic transformation during 
LCF loading. Martensite is nucleated after experiencing an incubation period in the cyclic stabilization 
regime [56–60]. Figure 2.20(a) shows the evolution of martensite fraction with cumulative plastic strain 
(λ) for three metastable austenitic stainless steels at various plastic strain amplitudes [60]. Cumulative 
plastic strain is obtained by multiplying the plastic strain amplitude by four times the number of cycles, 
since four plastic strain increments are experienced per cycle. Martensite formation depends on the 
material chemistry; the Nb and Ti-alloyed AISI 321 and 348 alloys are less stable than AISI 304 due to a 
lower austenite C-content. Additionally, increasing the strain amplitude induces more martensite 
formation. 
Figure 2.20(b) shows the evolution of stress amplitude with cycle number for the same testing 
conditions shown in Figure 2.20(a). Martensite formation results in secondary cyclic strain hardening of 
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the three steels. The secondary hardening response appears to correlate with the fraction of martensite 
formed. Figure 2.21 shows the strain-life curves for the three metastable austenitic steels [43]. LCF life 
scales with austenite stability; AISI 304 is the most stable and has the longest fatigue life, while AISI 348 
is the least stable and has the shortest fatigue life. Martensite formation is detrimental to plastic strain 






Figure 2.20 Evolution of (a) deformation induced martensite fraction with cumulative plastic strain 
and (b) stress amplitude with cycle number for AISI 304, 321, and 348 stainless steels 
[60].  The plastic strain amplitude is indicated as εa,p. 
 
LCF loading induces martensite formation in the bulk volume of round bar specimens. The 
transformation is not confined to local regions surrounding fatigue cracks. Bulk transformation aids in 
martensite detection, since a Feritscope magnetic contact probe can be used to track martensite formation 
nondestructively. LCF loading was utilized in this thesis research for ease of martensite fraction 




Figure 2.21 Plastic strain vs. number of reversals to failure for AISI 304, 321, and 348 stainless 
steels. Adapted from [43]. 
2.4.3 Deformation Induced Martensite in Stress Controlled Fatigue Testing 
During stress controlled high cycle fatigue (HCF) and fatigue crack growth rate (FCGR) testing, 
the plastic strains are small and martensite is confined to regions directly adjacent to propagating fatigue 
cracks. Figure 2.22 shows localized martensite adjacent to a fatigue crack formed during HCF testing of 
AISI 304 stainless steel. In stress controlled tests, martensite formation is beneficial because it strengthens 
the material ahead of the fatigue crack and reduces cyclic plastic damage ahead of the crack [61]. The 
transformation process may also absorb energy that would otherwise drive fracture, and may promote 
crack closure through the phase transformation volume expansion [62–64]. In this thesis research, LCF 
testing was chosen over HCF or FCGR for fundamental characterization because HCF and FCGR tests do 
not permit bulk martensite fraction measurement with a Feritscope. Additionally, TEM specimens from 
HCF or FCGR would have to be obtained in a site-specific manner adjacent to fatigue cracks. 
2.4.4 Multiphase TRIP Steel Fatigue 
Experimental fatigue studies of AHSS that contain retained austenite correlate with studies on 
metastable austenitic steels. Sugimoto et al. studied Si-alloyed TRIP and DP steels under fully reversed 
LCF loading at total strain amplitudes of 1.0 and 2.0 pct [65]. The TRIP steel displayed higher stress 
amplitudes and shorter fatigue lives than the DP steel, which was attributed to deformation induced 
martensite. Hilditch et al. tested DP 590 and TRIP 780 steels under fully reversed LCF loading at total 
strain amplitudes ranging from 0.25 to 0.6 pct [4]. The TRIP 780 alloy had longer fatigue lives than the 
DP 590 alloy due to the higher strength of TRIP 780. The strain amplitudes were lower than those used 
by Sugimoto et al., which increases the importance of the elastic strain component. Therefore, the high 
strength of TRIP 780 reduced cyclic plasticity at the amplitudes used by Hilditch et al. Figure 2.23 shows 
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local transformation of the retained austenite adjacent to the fatigue crack tip in the TRIP 780 alloy 
studied by Hilditch et al. [4]. 
         
Figure 2.22  SEM and EBSD images of localized martensite formation around a fatigue crack formed 
during HCF testing of AISI 304 stainless steel [58]. Red (dark) indicates martensite, 
green (light) indicates austenite. 
 
 
Figure 2.23 Electron backscatter diffraction phase map showing lower retained austenite (green) 
fractions adjacent to a fatigue crack in TRIP 780 [4]. 
 
Abareshi and Emadoddin heat treated a 0.38 C – 1.3 Si (wt pct) steel to achieve different 
austenite fractions [66]. Figure 2.24 shows the stress-life results obtained from HCF testing. As the 
retained austenite fraction increased, the stability of the austenite decreased due to carbon dilution, and 
the fatigue life was improved. Increasing the austenite fraction also increased the tensile strength, which 
may also contribute to the improved fatigue life. 
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Figure 2.24 Stress-life curves for a 0.38 C – 1.3 Si (wt pct) alloy subjected to different heat 
treatments. Heat treatment details are available in the original source [66]. The arrow 
indicates the increasing trend in retained austenite fraction after heat treatment. 
 
Cheng et al. subjected a 0.19 C – 1.5 Mn – 0.25 C – 0.44 Al (wt pct) steel to both a DP and TRIP 
steel heat treatment [67]. Figure 2.25 shows that the DP heat treatment (a) has a higher FCGR than the 
TRIP heat treatment (b). The FCGR resistance of the TRIP condition was attributed to martensite 
formation and increased strength ahead of the crack tip. Crack closure due to volume expansion 
associated with martensitic transformation may have also improved the apparent FCGR resistance.  
2.4.5 Summary of Background and Motivation 
This chapter introduced the importance of Si and Al alloying for austenite retention in AHSS, 
along with the possible influences of Si and Al on austenite SFE and thermodynamic stability against 
deformation induced martensitic transformation. The effects of Si and Al on these parameters are 
important, because austenite deformation behavior is influenced by the SFE and austenite stability. For 
fatigue loading, the cyclic stress-strain response of austenitic steels was related to fatigue deformation 
microstructures, including the capacity for deformation induced martensite to cause cyclic hardening.  
Experimental results indicate that deformation induced martensite formation during fatigue 
affects the fatigue response of AHSS similarly to metastable austenitic steels. However, the influences of 
Si and Al alloying on deformation induced martensite formation during fatigue are uncertain for both 
austenitic steels and multiphase AHSS. One of the main goals of this project was to clarify the roles of Si 
and Al alloying on austenite stability and martensite formation during fatigue loading. 
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Figure 2.25 FCGR curves for (a) DP and (b) TRIP steel heat treatments of a 0.19 C – 1.5 Mn – 


















CHAPTER 3: EXPERIMENTAL METHODS 
This chapter outlines the experimental materials and techniques employed for this study. 
Experimental techniques include light optical microscopy (LOM), mechanical testing, X-ray diffraction 
(XRD), and transmission electron microscopy (TEM). 
3.1 Experimental Material Development 
To isolate the influences of Si and Al alloying on austenite SFE, stability, and mechanical 
behavior, fully austenitic steels are preferable, since the complicating effects of non-austenitic phases are 
eliminated. Glenn conducted a microstructural survey of the Fe-Ni-Cr-Si-Al system, with the goal of 
identifying combinations of ferrite stabilizing elements (Cr, Si, and Al) and an austenite stabilizing 
element (Ni) that yield fully austenitic steels [68]. Figure 3.1 shows schematically that both Si and Al 
promote ferrite formation, such that only finite amounts of Si and Al can be added to produce fully 
austenitic steels. Figure 3.1 also indicates that Al promotes martensite formation, which further restricts 
the amount of Al that can be added to produce fully austenitic steels. 
 
Figure 3.1 Schematic alloy phase map showing that Si and Al both promote ferrite formation, while 
martensite is promoted by Al but inhibited by Si. Adapted from Glenn [68]. 
 
The goal of Glenn’s study was to evaluate the substitution of Al and Si for Cr in austenitic steels 
for oxidation-resistant applications. Glenn’s study was used as a basis in developing austenitic steel 
compositions with variable Si and Al contents. Table 3.1 shows the compositions of the three main alloys 
developed for this study (Base, 2.5 Si, and 2.5 Al) and an additional alloy left over from an earlier 
alloying scheme iteration (2.8 Si-L where L is for low nickel). The Base, 2.5 Si, and 2.5 Al alloys were 
vacuum cast, homogenized for 20 hours at 1200 °C, cut into top and bottom halves, and hot rolled in five 
Austenite + 
Ferrite 










passes from 76.2 mm (3 in) to 15.9 mm (0.63 in) starting at 1200 °C and finishing at approximately 
1020 °C; the alloy processing and composition measurements were performed by AK Steel. The three 
alloys were then solution annealed for one hour at the temperatures listed in Table 3.1 to achieve similar 
grain sizes of approximately 140 μm. The annealing temperatures were chosen from a grain growth study 
discussed in Section 3.2.  
 
Table 3.1 – Experimental Steel Compositions, Annealing Temperatures, and Annealed Grain Sizes 
 
The 2.8 Si-L alloy was similarly processed except it was air cast and was not annealed to achieve 
a specific grain size; its Ni, C, and N contents are substantially different than the other three alloys such 
that it cannot be easily used to elucidate Al/Si alloying effects. Instead, the low Ni content of the 2.8 Si-L 
alloy leads to lower tensile austenite stability than the other three alloys, which allows for additional 
investigation of mechanical behavior. Example micrographs of the four main alloys investigated in this 
study are shown in Figure 3.2; the left column contains micrographs of hot rolled specimens and the right 
column contains micrographs of annealed specimens. The 2.5 Si (Figure 3.2(c)), 2.5 Al (Figure 3.2(e)), 
and 2.8 Si-L (Figure 3.2(g)) alloys display some unrecrystallized, pancaked austenite grains in the hot 
rolled condition, indicating that the hot rolling finishing temperature was below the non-recrystallization 
temperature of these alloys. None of the specimens examined after annealing displayed large pancaked 
grains. The pancaked grains are not martensitic, because Feritscope readings were similar both before and 
after the annealing treatments. 
Low nickel base alloy (i.e. no intentional Al or Si additions) and aluminum alloy counterparts for 
the 2.8 Si-L material were also prepared as indicated in Table 3.1. The Base-L alloy was processed 
identically to the 2.8 Si-L alloy. However, the 2.8 Al-L alloy was vacuum cast and was not homogenized. 
Figure 3.3 shows micrographs of the Base-L and 2.8 Al-L alloys after annealing for one hour at 1100 °C, 
followed by water quenching. 
 





Base 0.028 0.0034 15.05 11.06 1.09 0.002 0.05 1040 137 ± 4 
2.5 Si 0.028 0.0036 14.99 10.98 1.10 2.50 0.06 1075 138 ± 5 
2.5 Al 0.030 0.0034 15.04 11.02 1.08 0.034 2.47 1060 126 ± 5 
2.8 Si-L 0.016 0.016 13.46 10.74 0.97 2.85 0.07 1100 157 ± 5 
Base-L 0.028 0.009 13.30 10.38 0.86 0.05 0.08 - - 










Figure 3.2 Light optical micrographs of (a) and (b) Base, (c) and (d) 2.5 Si, (e) and (f) 2.5 Al, and 
(g) and (h) 2.8 Si-L alloys in the hot rolled (left column) and annealed (right column). 
Etched with 40 mL ethanol, 40 mL hydrochloric acid, 20 mL de-ionized water, and 2 g of 
cupric chloride. Rolling direction is horizontal. 
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The annealed Base-L alloy consists of equiaxed austenite grains that have undergone partial 
transformation to martensite (dark etching features) upon cooling to room temperature. Conversely, the 
annealed 2.8 Al-L alloy consists of a banded austenite/martensite microstructure. The banded morphology 
of the 2.8 Al-L alloy indicates alloying element segregation is present, which is consistent with the fact 
that this material was not homogenized. The equiaxed, non-banded structure of the Base-L alloy suggests 
that the homogenization treatment was successful. Feritscope measurements indicated that the Base-L and 
2.8 Al-L alloys formed 2 pct and 35 pct martensite, respectively, upon cooling to room temperature. 
Because the Base-L and 2.8 Al-L materials did not satisfy the requirement of being fully austenitic at 
room temperature prior to deformation, they were not further characterized in this study.  
  
(a) (b) 
Figure 3.3 Light optical micrographs of (a) Base-L and (b) 2.8 Al-L specimens annealed for one 
hour at 1100 °C. Etched with 40 mL ethanol, 40 mL hydrochloric acid, 20 mL de-ionized 
water, and 2 g of cupric chloride. Rolling direction is horizontal. 
 
Fully austenitic steels were employed in the current study to reduce the number of variables 
influencing austenite deformation behavior and to facilitate TEM characterization. However, the 
assumptions and possible limitations of extending the analysis to lower alloy multiphase AHSS must be 
acknowledged. Austenite is retained to room temperature in the experimental alloys by Ni and Cr 
alloying, not by carbon partitioning, which is used in AHSS. Therefore, to extend the results of this study 
to low alloy AHSS, it must be assumed that the effects of Si and Al on austenite characteristics are 
independent of Ni and Cr alloying. 
3.2 Light Optical Microscopy (LOM) and Grain Size Measurement 
LOM specimens were prepared by mechanical grinding, mechanical polishing, and chemical 
etching. Table 3.2 contains the grinding/polishing procedure developed for the experimental alloys using 
a Leco
®
 Spectrum System 2000 automatic polisher. For all cases, the wheel speed was fixed at 300 rpm 
and the head speed was fixed at 150 rpm (opposing the wheel). Grinding steps were performed for 
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 disks were used for all 
grinding steps. Polishing steps were performed with 90 N (20 lb) of force applied centrally. Felt polishing 
pads were sprayed every 30 seconds by alternating polishing media and extender. Specimens were 
cleaned using cotton balls and ethanol after the last grinding step and between all polishing steps. 
Chemical etching was performed using an electrolyte mixture of 40 mL ethanol, 40 mL hydrochloric acid, 
20 mL de-ionized water, and 2 g of cupric chloride. The electrolyte was swabbed on polished specimens 
using cotton balls. Etching time varied with material condition, but was approximately 1-3 min.  
 
Table 3.2 – Grinding and Polishing Steps used for LOM of the Experimental Steels 
 
A grain growth study was conducted using the Base, 2.5 Si, and 2.5 Al alloys. Coupons sectioned 
from the hot rolled steel plates were annealed in stainless steel bags for one hour at temperatures ranging 
from 1000-1100 °C. After annealing, the stainless steel bags were opened with tongs and samples 
quenched in water. LOM specimens were prepared using the procedures described above. Light optical 
micrographs were taken at 50x magnification on a Leco
®
 Olympus PMG 3 microscope, operating with 
PAX-it! version 7.1 software. ImageJ software was used to superimpose three equally spaced concentric 
circles on the micrographs; the total circumference of the three concentric circles was 5,217 μm. 
Intersections of the superimposed circles with grain boundaries were recorded using the ImageJ cell 
counter. For the grain growth study of hot rolled plates, one coupon originating from the top of the ingot 
and one coupon originating from the bottom of the ingot were used for each material/annealing 
temperature combination. Fifteen fields of view were analyzed in each coupon. ASTM Standard E112 
[69] was used to calculate the grain sizes of each material as a function of annealing temperature. 
Figure 3.4 summarizes the results of the grain growth study. The Base alloy and 2.5 Si alloy experienced 
typical grain coarsening with increasing annealing temperature. Annealing temperature had a lesser effect 
on the nominal grain size of the 2.5 Al alloy compared to the Base and 2.5 Si alloys. This discrepancy is 
related to the presence of a bimodal distribution of grains in the 2.5 Al condition resulting from 
incomplete recrystallization during hot rolling. The 2.5 Si alloy also displayed a bimodal grain 
distribution after hot rolling, although its influence on subsequent annealing response was less 
Step Media Duration (min) 
Grinding 220-320 grit disk 2 
 400 grit disk 2 
 600 grit disk 2 
Polishing 6 μm diamond suspension 4 
 6 μm diamond suspension 3 
 3 μm diamond suspension 5 
 1 μm diamond suspension 5 
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pronounced than in the 2.5 Al alloy. The annealed 2.5 Al, 2.5 Si, and 2.8 Si-L alloy grains appeared more 
bimodally distributed than the Base alloy grains, which correlated to incomplete recrystallization during 
hot rolling. The degree of bimodality was not assessed, because the mechanical testing data indicate that 
grain size and distribution have minimal effect on the behavior of the experimental steels in the conditions 
utilized. 
Figure 3.4 Grain size as a function of annealing temperature for the three focus alloys after 
annealing for one hour. Error bars indicate the 95 pct confidence intervals of the 
measurements. 
 
The dashed line in Figure 3.4 corresponds to a target grain size of 140 μm. A coarse grain size 
was desired to facilitate transmission electron microscopy. The grain sizes and corresponding 
95 confidence intervals reported in Table 3.1 were obtained from coupons annealed in stainless steel bags 
with mechanical testing specimen blanks (see Section 3.3.1). For each material annealed at the 
temperatures shown in Table 3.1, grain boundary intersections along concentric circles were counted for 
49 fields of view.  
3.3 Mechanical Testing 
This section outlines the mechanical testing procedure utilized in this study. Details are provided 
regarding the specimen preparation, the mechanical testing frame, and test parameters for tension and 
LCF tests. 
3.3.1 Mechanical Testing Specimen Preparation 
Mechanical testing specimen blanks were machined from the hot rolled plates. The specimen 
blanks had a square cross section of 15.9x15.9 mm (0.63x0.63 in) and a length of 114.3 mm (4.5 in), with 
the long direction of the blanks parallel to the rolling direction. The blanks were then inserted into 
stainless steel bags, annealed for one hour at the temperatures listed in Table 3.1, and water quenched 
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with the bags open. Annealed specimen blanks were then machined into tensile and low cycle fatigue 
specimens with a gauge length of 19.05 mm (0.75 in) and a gauge diameter of 6.35 mm (0.25 in) 
(Figure 3.5). Tensile tests were performed with the as-machined 16G surface finish. Specimens for LCF 
testing until failure were further hand polished on a lathe using 400 grit paper, 600 grit paper, 15 μm, 
6 μm, 3 μm, and 1 μm diamond slurries to minimize fatigue crack initiation at machining marks. 
Specimens for interrupted LCF testing were not hand polished on the lathe, since the tests were 
terminated prior to LCF failure. Vishay
®
 M-Bond 200 adhesive was applied to the surfaces of all LCF 
specimens in the vicinity of the extensometer knife edges. The adhesive minimizes extensometer slipping 
and shields the specimen surface from the knife edges, reducing the probability for crack initiation at the 
knife edges. The LCF specimen geometry and surface preparation were selected in accordance with 
ASTM E606 [70]. 
Figure 3.5 Mechanical testing specimen geometry. 
3.3.2 Mechanical Testing Frame 
Tensile and LCF tests were performed on a MTS
®
 Model 204.63 servo-hydraulic test frame with 
MTS
®
 Model 647.10A hydraulic wedge grips. The hydraulic testing frame was controlled using 
TestStar
TM
 IIs Station Manager version 3.5c software. An MTS
®
 Model 609.10A-02 alignment fixture 
was used along with a strain gauged alignment specimen to adjust the alignment of the test frame. The 
alignment specimen was a 12.7 mm (0.5 in) diameter, 101.6 mm (4 in) long, centerless ground steel bar 
affixed with eight axial Vishay
®
 CEA-06-125UN-120 strain gauges. The strain gauges were configured in 
two sets of four strain gauges, with the four gauges spaced 90° apart around the circumference of the 
alignment specimen. Figure 3.6 shows a photograph of the alignment specimen. The two sets of four 
gauges were placed 9.5 mm (0.375 in) above and below the center of the specimen. This gauge spacing 
was chosen because it spans the gauge section of the actual mechanical testing specimens and thus, would 
optimize the frame alignment for the specimens. The bar used for alignment had a larger diameter than 




Figure 3.6 Photograph of the alignment specimen. The arrows indicate four of the eight strain 
gauges. The four obstructed gauges are located 180° around the specimen circumference 




 SB-10 switch and balance unit and a Vishay
®
 P-3500 strain gauge indicator were used 
to measure the strains of each of the eight strain gauges when the specimen was gripped in the test frame 
at zero load. The alignment fixture was then adjusted to minimize the bending strains in the alignment 
specimen following the procedure outlined in the alignment fixture operation manual [71]. The alignment 
specimen was subsequently removed from the frame, rotated 180° about the specimen axis, and re-
gripped in the frame at zero load. The alignment fixture was then readjusted to correct for small 
discrepancies in specimen straightness and strain gauge misalignment that would not be detected without 
the 180° rotation [71]. Figure 3.7 shows photographs of the experimental setup used for aligning the 
hydraulic testing frame. 
3.3.3 Tensile Testing 
Tensile tests were performed under actuator control with a constant actuator displacement rate of 
5.1 mm/min (0.2 in/min). MTS
®
 8 mm ± 15 pct and 10 mm ± 15 pct axial extensometers were used to 
measure strain. Two tensile tests were performed uninterrupted until failure to obtain tensile properties for 
each of the four alloys. Following failure, the specimens were analyzed with a Fischer
®
 Feritscope to 
determine the amount of deformation induced martensite. Details regarding the Feritscope are provided in 
Section 3.4. Additionally, one interrupted tensile test was conducted for each material to capture the 









Figure 3.7 Photographs showing (a) the alignment specimen attached to the SB-10 switch and 
balance unit and the P-3500 strain gauge indicator and (b) the alignment specimen 
inserted into the hydraulic test frame. 
3.3.4 Low Cycle Fatigue (LCF) Testing 
LCF tests were run in total strain control using a 12.7 mm (0.5 in) ± 8 pct Shepic axial 
extensometer. Fully reversed tests (R = -1) were conducted with a sinusoidal waveform. Five total strain 
amplitudes (εa,t), ranging from 0.3 pct to 0.9 pct, were used. Cycling frequencies scaled inversely with εa,t 
to maintain a constant total deformation rate, and ranged from 2 Hz to 0.67 Hz. Only one specimen of 
each alloy was tested at each strain amplitude. For all LCF tests, the minimum and maximum 
extensometer reading and load were recorded for every fatigue cycle. The peak-valley load data were 
used to evaluate the cyclic hardening/softening behavior of the experimental steels. The peak-valley 
extensometer data were used to calculate the average strain amplitude, since there were small deviations 
between the target strain amplitudes and the actual strain amplitudes. Additionally, load vs. extensometer 
displacement hysteresis loops were recorded for cycles 1-10, 20-100 (by tens), 200-1000 (by hundreds), 
2000-10,000 (by thousands), and by ten thousands above 10,000 cycles. The data recording rate was 
adjusted with cycling frequency to obtain 400-500 data points per hysteresis loop. The number of cycles 
to failure was established as the first of five consecutive cycles for which the stress amplitude dropped 
below 90 pct of the maximum stress amplitude.  
The temperatures of the 2.8 Si-L alloy LCF specimens were measured during testing using an 












specimen in close proximity to the test specimen. At all of the strain amplitudes used, specimen heating 
was less than 5 °C. Furthermore, all of the interrupted LCF specimens (Section 3.3.5) were cool to the 
touch upon test interruption. 
3.3.5 Liquid Nitrogen Cooling of Interrupted Mechanical Testing Specimens 
For the 2.5 Al and 2.8 Si-L alloys, tensile specimens were interrupted at intermediate strain 
values and LCF specimens were interrupted at intermediate cycle numbers. Following interruption, 
Feritscope magnetic fraction measurements (as discussed in Section 3.4) were recorded in the as-tested 
condition. Then, specimens were submerged in liquid nitrogen (LN2) for 30 minutes. The specimens were 
subsequently allowed to heat to room temperature and the Feritscope magnetic fraction measurements 
were repeated. The Feritscope fractions before and after LN2 cooling were plotted as a function of strain 
or cycle number to assess the capability of LN2 cooling to induce martensite. 
The 2.5 Al and 2.8 Si-L alloys were chosen because they displayed the most transformation 
during both tensile and LCF loading. The strain values chosen for interrupted tensile testing were: 0.6, 3, 
10, 14, and 28 pct true strain. A single total strain amplitude of 0.6 pct was used for interrupted LCF 
testing. The cycle numbers chosen for uninterrupted LCF tests were 0.25 (tensile loaded and unloaded), 
40, 100, 200, 500, 1000, and 2000 for the 2.5 Al alloy and 0.25, 35, 160, 500, 1000, and 2000 for the 
2.8 Si-L alloy. Feritscope fractions were also measured before and after LN2 cooling of tensile and LCF 
specimens run to failure. 
3.4 Feritscope Martensite Fraction Measurement 
A Fischer
®
 Feritscope MP-3 contact probe was used to quantify martensite formation in the 
metastable austenitic steels. The Feritscope works by inducing a magnetic field in a specimen with a drive 
coil and then captures the change in magnetic field due to the presence of magnetic regions within the 
specimen with a scan coil. Magnetic induction is capable of distinguishing austenite and martensite 
because austenite is paramagnetic and martensite is ferromagnetic. The Feritscope was calibrated using 
standards corresponding to 1.49 pct and 30.2 pct δ ferrite. Talonen et al. compared the measurement of 
strain induced martensite in metastable austenitic sheet steels using various techniques, including 
Feritscope, XRD, magnetic balance, mass density, and LOM [72]. Feritscope results were found to 
correlate favorably with magnetic balance results as long as the Feritscope readings were multiplied by 
1.7, a constant correction factor that is needed because the probe is calibrated for δ ferrite, not strain 
induced martensite (Figure 3.8). In contrast, XRD measurements of strain induced martensite fraction 
were shown to be influenced by deformation mode, texture, and surface preparation. Due to these 
considerations, and the fact that Feritscope measurements are nondestructive, Feritscope was selected 
over XRD as the means to quantify martensite fraction.  
 39 
 
Figure 3.8 Comparison of martensite fraction measured by magnetic saturation (y-axis) with that 
measured by Feritscope contact probe (x-axis) [72]. 
 
While the Feritscope has several advantages over XRD for martensite fraction determination, it 
also has two drawbacks. First, magnetic induction does not distinguish between austenite and HCP ε-
martensite, because both are paramagnetic. In some austenitic steels, ε-martensite is reported to be a 
transient phase that serves as a precursor to BCC α-martensite formation. Therefore, Feritscope 
measurements may not provide an accurate description of the overall phase transformation sequence in 
metastable austenitic steels. To determine if ε-martensite formed in the steels evaluated in this study, 
selected specimens were subjected to XRD analysis. The second drawback to using Feritscope 
measurements in this study relates to the effect of surface curvature. Feritscope measurements in this 
study, unless otherwise noted, were taken on the cylindrical surface of the mechanical test specimen 
gauge lengths (Section 3.3.1). Readings obtained from curved surfaces are expected to be lower than 
those from flat surfaces. As a result, the true correction factor for this study is expected to be larger than 
that of 1.7 reported by Talonen et al. for flat sheet specimens [72]. Appendix A presents Feritscope 
measurements on flat and round surfaces of the LCF specimens. Martensite fraction corrections were not 
applied in this study. 
3.5 X-ray Diffraction 
X-ray diffraction (XRD) was used to determine the influence of alloying on austenite lattice 
parameter (LP) and to determine the phases formed by mechanical loading of the metastable austenitic 
steels. Specimens for XRD-LP determination were sectioned from coupons heat treated in stainless steel 
bags for the Base, 2.5 Si, and 2.5 Al alloys. For each of the three alloys, seven specimens were evaluated. 
XRD-LP specimens were sectioned to a thickness of 1-2 mm, attached to a steel block using double sided 
foam tape, manually ground to a 600 grit surface finish, and then chemically polished. The chemical 
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polish was performed in 10 parts de-ionized water, 10 parts hydrogen peroxide, and 1 part hydrofluoric 
acid for 20 minutes. XRD-LP specimens were oriented with their thickness direction parallel to the plate 
transverse direction; this geometry was chosen for compatibility with the diffractometer powder clip. 
A Phillips X’Pert® diffractometer with CuKα (λ = 0.154060 nm) radiation was used for XRD-LP 
determination. Scans were collected from a 2θ range of 40-110° with a 0.0170° step size, a scan step time 
of 40 s, and a 1° collector slit. HighScore Plus® 3.0.5 software was used to subtract signal backgrounds, 
strip CuKα2 peaks from the scans, fit the diffraction peaks, and determine the peak positions and 
corresponding interplanar spacings (dhkl). The first four austenite interplanar spacings, (111)γ, (200)γ, 








dhkl [73] for the 
XRD-LP study.  
Specimens for analysis of deformation induced phase transformation were sectioned both 
perpendicularly and at 45° from the loading axis, and mounted in Bakelite. Two orientations were used to 
evaluate the influence of orientation on measured phase fractions. Specimen preparation was identical to 
that used for XRD-LP specimens. However, deformed specimens could not be inserted into the 
diffractometer powder clip and were instead placed on the diffractometer stage and manually raised to the 
focal point of the X-ray beam. The focal point height was determined by measuring the height of the top 
surface of a specimen inserted into the powder clip using a dial gauge that attaches to the powder clip 
fixture.  
For XRD of deformed specimens, CrKα radiation was used because it causes less iron 
fluorescence and better separates the austenite (111) and martensite (110) peaks compared to CuKα 
radiation [74]. The scan range was 60-158.8°, with a 0.008° step size and a 19.7 s step time. 
HighScore Plus® 3.0.5 software was used to fit the peak profiles and calculate the integrated peak 
intensities for the austenite and martensite peaks.  
The phase fractions of austenite and martensite were calculated using the direct comparison 
method in ASTM E975 [74]. The testing and analysis methodologies were similar to those used by De et 
al. to characterize AISI 304 stainless steel [75]. The direct comparison method normalizes the integrated 
intensity for each peak by its corresponding R-factor, where the R-factor incorporates the structure factor, 
multiplicity factor, Lorenz polarization factor, temperature factor, and unit cell volume for the peak. The 
ASTM E975 standard tabulates the R-factors for the austenite and martensite (ferrite) peaks using CrKα 
radiation [74]. The experimental steels do not satisfy the crystallographic texture guidelines in ASTM 
E975. As a result, the phase fraction calculations may not be truly representative. Additionally, in some 
cases the partially overlapping austenite (111) and martensite (110) peaks had to be used in the 
calculations, which is not recommended by ASTM E975. In cases where the martensite (112) peak was 
partially outside of the scan range, the phase fractions were calculated both with and without inclusion of 
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the martensite (112) peak. The two calculations agreed to within 2 pct. In all of the scans where the phase 
fractions were quantified, the peaks included in the calculation are indicated. The same reflections could 
not always be used for quantification due to crystallographic texture effects. The uncertainty in martensite 
fraction is reported to be ± 3 pct martensite [74]. 
3.6 Transmission Electron Microscopy (TEM) 
TEM was used in this study to determine stacking fault energy (SFE) for the Base, 2.5 Si, and 
2.5 Al alloys. Additionally, TEM was implemented to analyze the microstructures of deformed tensile 
and LCF specimens, including deformation mechanisms and deformation induced martensite formation. 
Details of TEM specimen preparation, microscope operation, defect analysis, weak beam dark field 
(WBDF) microscopy, and SFE determination are presented here. 
3.6.1 TEM Specimen Preparation 
To analyze microstructures of deformed tensile and LCF specimens, the specimens were 
sectioned into slices 300-500 μm thick using an Allied TechCut4
TM
 low speed saw with an Allied metal 
bonded CBN blade (product number 60-20071). Specimens were sectioned at 45° to the loading axis 
using a saw speed of 120 rpm and 150 g of applied weight. Sectioning was done at 45° to the loading axis 
to expose a plane of maximum shear. Two to four TEM foils were examined for all of the conditions for 
which TEM micrographs are presented. For SFE determination, 12.7 mm diameter cylinders of the Base, 
2.5 Si, and 2.5 Al alloys were compressed 5 pct to introduce dislocations and then sectioned at 45° to 
expose austenite {111} grains that were favorably oriented for slip during compression. 
Following sectioning, burrs were removed from the 300-500 μm thick slices and the slices were 
attached to a steel block using double sided foam tape. The slices were then ground to a 600 grit surface 
finish on the exposed face via manual linear grinding. The double sided foam tape was then removed 
from the slices and steel block, taking care not to bend the slices of material. The slices were then super-
glued to the steel block with the non-ground faces exposed. The thicknesses of the slices were measured 
at this time using a dial gauge. It is critical to use a steel block with parallel faces so that the true 
thicknesses and thickness profiles of the slices can be ascertained. The slices were pressed firmly against 
the block such that there was a minimal layer of glue between the slices and the block. Slices were then 
ground on a rotating grinding wheel using 120 grit paper to achieve a uniform thickness of approximately 
180 μm. A uniform thickness is achieved by frequently changing the orientation of the steel block/slice 
relative to the grinding wheel and monitoring the slice thicknesses with a dial gauge. The slices were 
finally ground to a 600 grit finish on the exposed face with the goal of achieving a uniform final thickness 
of 130 μm.  
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The slices were removed from the steel block by soaking in acetone for several hours. Super glue 
is preferred over double sided foam tape for the second grinding sequence because it is easier to remove 
from the slices/steel block and minimizes the chance of bending a slice during removal. TEM disks of 
3 mm diameter were punched from the 130 μm thick slices. Burrs were removed from the punched 3 mm 
disks by manually grinding on 600 grit paper using double sided clear tape. De-burred disks were 
detached from the clear tape by bending the tape onto itself and carefully separating the disks from the 
tape with tweezers.  
The 3 mm TEM disks were thinned to electron transparency by electropolishing in a Fischione® 
Model 110 twin jet electropolisher. An electrolyte of 95 pct acetic acid and 5 pct perchloric acid was used 
at room temperature. A polishing current of 30-35 mA and voltage of 25-45 V was applied to the disks 
until perforation. Perforated disks, still in the electropolishing holder, were submerged in ethanol for 
5 min without agitation. After submersion, then perforated disks were removed from the holder, carefully 
rinsed with ethanol, and allowed to dry before storing in an arrayed TEM specimen container. 
3.6.2 TEM Operation 
TEM was performed using a Phillips® CM12 microscope operating at 120 kV with a tungsten 
filament. Images and diffraction patterns were captured as film negatives that were subsequently scanned 
into positives using an Epson Perfection V750 PRO scanner. Bright field images were typically recorded 
using the CM12 automatic exposure. Dark field images were obtained by manually underexposing from 
one third to one half of the suggested CM12 automatic exposure. Diffraction patterns were obtained by 
spreading the beam such that the CM12 automatic exposure is approximately 100 s, and then using a 2 s 
exposure. ImageJ software was used to optimize the brightness and contrast of images and diffraction 
patterns after scanning. 
To analyze selected area diffraction patterns (SADPs) obtained from the experimental materials, 
the SADPs first were corrected for rotation relative to their corresponding images. Rotation correction 
was done by double exposing bright field (BF) images and SADPs of MoO3, an elongated crystal with 
long edges parallel to the [001] direction [76,77]. An example of the double exposure method is shown in 
Figure 3.9(a). Table 3.3 shows the rotation matrix for the Phillips CM12 operating at a nominal 
diffraction camera setting of 260 mm. 
The true diffraction camera length for a nominal camera length of 260 mm was determined using 
an evaporated aluminum diffraction standard (Ted Pella, Inc. product number 619). Because the 
aluminum standard consists of many fine grains, the SADP contains a series of rings rather than discrete 
spots, as shown in Figure 3.9(b). Since the first four ring indices (hkl) are known to be 111, 200, 220, and 
311 (moving from the central spot outward) and their corresponding d-spacings are reported in the 
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standard documentation as 0.2338, 0.2024, 0.1431, and 0.1221 nm, respectively, the camera constant (λL) 
can be measured for each ring using Equation 3.1: 
 
Figure 3.9 (a) Double exposure of an image and SADP for MoO3 for SADP rotation calibration. (b) 
SADP ring pattern for an evaporated polycrystalline aluminum diffraction standard (Ted 
Pella, Inc. product number 619). The image in (a) was taken at a magnification of 45 kx 
and the SADPs in (a) and (b) were taken with a nominal camera length of 260 mm. 
 
Table 3.3 – Clockwise Rotation of SADPs Required for Different Magnifications on the CM12 TEM for a 
Nominal Camera Length of 260 mm 
 
 LdR hklhkl λ=  3.1
where 2Rhkl is the ring diameter (mm) measured using the line scan feature in ImageJ, dhkl is the known 
interplanar spacing for the ring (nm), and λL is the calculated camera constant (mm*nm). The first four 
rings shown in Figure 3.5 were measured in two different directions and then input into Equation 3.1 with 
their corresponding dhkl values, allowing for eight independent measurements of the camera constant. It 
was determined that λL = 0.8778 mm*nm ± 0.4%. The microscope camera constant can be used to 





8 10 13 17 22 28 35 45 60 75 
SADP Rotation 
(deg.) 
265 265 265.0 263.7 83.1 89.7 89.9 83.3 75.2 68.5 
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3.6.3 TEM Defect Analysis 
The Thompson tetrahedron was used for crystallographic interpretation of TEM micrographs of 
deformed specimens. Figure 3.10 shows the [111] projection of the Thompson tetrahedron such that plane 
(ABC) is in the plane of the page and vertex D is below the page, as indicated by parentheses. The 
tetrahedron is useful for studying deformation structures in FCC materials because the four tetrahedron 
faces correspond to the four independent {111} planes. Additionally, the six tetrahedron edges indicate 
the six independent <110> directions. Because diffraction patterns were taken in tandem with TEM 
images, it is possible to identify the crystallographic orientation of the specimen for images taken near 
low index zone axes. The corresponding projection of the Thompson tetrahedron can then be 
superimposed on the image and microstructural features can be related to the inferred three-dimensional 
crystallography of the specimen. For example, since FCC slip planes are {111}<110> type, dislocation 
structures can be analyzed and the operative slip plane/Burgers vector can be identified. In this document, 
the Thompson tetrahedron will be presented along with TEM images and SADPs when it aids 
crystallographic interpretation. However, in some cases, such as in highly deformed tensile specimens, it 






Figure 3.10 Schematic [111] projection of the Thompson tetrahedron. Tetrahedron faces correspond 
to (111) planes and edges correspond to <110> directions. 
 
Defects in crystalline specimens are associated with a vector, R, which describes the sense of 
disruption of an otherwise perfect crystal lattice. For example, the R vector for a dislocation is the 
Burgers vector, b, since this vector captures the lattice disturbance from the presence of a dislocation 
[76,77]. For stacking faults, the R vector is the vector that is normal to the plane of the fault, n, because 
the plane normal represents the direction of stacking sequence alteration [76,77]. Knowledge of R for a 
defect is important for defect analysis in TEM because it contributes strongly to the observed image 
 45 
contrast. The other factor that controls contrast is the tilt of the specimen relative to the incoming electron 
beam and the R vector of the defect. Two beam conditions, where the directly transmitted beam and one 
diffracted beam (g) are the only two intense electron beams, are usually employed in TEM analysis of 
defects. Figure 3.11 shows examples of two beam conditions established near a [011] zone axis in an 
aluminum alloy. The vector connecting the directly transmitted spot to the diffracted spot, g, is used to 
interpret the image contrast; specifically, the dot product g·R is evaluated. The invisibility criteria, in 
which the contrast associated with a defect is eliminated, is achieved if g·R = 0 [76,77]. The invisibility 
criteria can therefore be used to identify the R vector of a defect by selecting a two beam condition with g 
perpendicular to R. 
 
 
Figure 3.11 Examples of two beam conditions established in an FCC aluminum alloy near a [011] 
zone axis [77]. 
3.6.4 Weak Beam Dark Field TEM 
Weak beam dark field (WBDF) is a special technique used for TEM defect analysis that 
combines the concepts of two beam conditions, deviation parameter (sg), and centered dark field (CDF) 
imaging. Detailed descriptions of the WBDF technique can be found in the literature [76,77]. WBDF is 
performed by first forming a two beam condition with the selected g diffraction spot. However, a slightly 
positive sg is established by tilting the specimen such that the g Kikuchi line is displaced from the g 
diffraction spot a small amount in the sense away from the directly transmitted spot. The dark field 
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deflection coils are then used to direct the g diffraction spot down the optic axis, which results in the 
characteristic excitation of the 3g diffraction spot. Figure 3.12 shows an example of a dark field SADP 
suitable for WBDF microscopy. 
 
Figure 3.12 Example dark field SADP obtained for a tilting condition suitable for WBDF 
microscopy. The objective aperture would be inserted over g220 in dark field mode to 
form the WBDF image [77]. 
 
WBDF is useful for dislocation analysis because the establishment of a slightly positive sg 
reduces the effective extinction distance, allowing finer resolution of dislocation lines. Additionally, 
deflecting the excited g diffraction beam down the optic axis takes the planes associated with g out of the 
Bragg condition. Therefore, when g is centered in dark field mode, it will have a weak intensity (hence 
the name) and most of the WBDF image will be dark. However, strain fields associated with dislocations 
may locally bend the lattice planes back into the Bragg condition, resulting in narrow regions of bright 
intensity in the WBDF image. Fine resolution of dislocations is critical for measuring the spacing 
between dissociated dislocations. Figure 3.13(a) shows dissociated dislocations in the Base alloy imaged 
in bright field (BF) mode. It is difficult to determine whether or not the dislocation is dissociated in the 
BF image, and it is impossible to measure the extent of partial dislocation separation. Figure 3.13(b) 
shows a WBDF image of the same region shown in Figure 3.13(a) where the dissociated dislocations are 
clearly resolved.  
3.6.5 Stacking Fault Energy (SFE) Measurement using WBDF TEM 
SFE was determined experimentally for the Base, 2.5 Si, and 2.5 Al alloys using WBDF TEM of 
dissociated dislocations. Cylindrical specimens of each material were compressed 5 pct to introduce 
dislocations. Microscopy was performed on grains with a (111) plane closely aligned with the plane of the 
foil. Figure 3.14 shows the [111] projection of the Thompson tetrahedron, which is useful for partial 
dislocation analysis. For example, if a dislocation has Burgers vector AC, then it is possible for the 
dislocation to dissociate into two partial dislocations with Burgers vectors Aδ and δC. If g = AC is used 
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for WBDF, then both partial dislocations will be in contrast because g·b ≠ 0 for either partial. However, if 
either of the other two <220> conditions, AB or BC, are used for g, then one of the two partial 
dislocations will be out of contrast. Specifically, g = AB satisfies the invisibility criteria for partial δC, 
and g = BC satisfies the invisibility criteria for partial Aδ. Accordingly, if both partial dislocations are in 
contrast for a selected <220> WBDF condition, then the selected <220> is parallel to the Burgers vector 
for the undissociated dislocation. Therefore, WBDF using <220> diffraction spots allows for both better 
resolution of the partial dislocations of a dissociated dislocation and also identification of the 
undissociated dislocation Burgers vector. 
Figure 3.13 (a) Bright field and (b) weak beam dark field micrographs of a dissociated dislocation in 
the Base alloy. The diffraction vector is g, the Burgers vector is b, the partial dislocation 
separation is d, and the dislocation character angle is α. 
 
Successful WBDF microscopy involves a balance between increasing sg to reduce the dislocation 
image widths, but not increasing sg to the point where film exposure times are too long and images 
display thermal drift. For WBDF microscopy on the three experimental alloys, the g3g condition was 
implemented by tilting the 3g Kikuchi line through the 3g spot such that s3g ≈ 0, using the Burgers vector 
g = g220. The value of sg for the g3g condition was determined to be 0.207 nm
-1
 using Equation 27.5 in 
Williams and Carter [77]. The experimental value of sg exceeds the minimum value of 0.2 nm
-1
 
recommended for quantification of WBDF images [77]. The g3g condition was also chosen because it can 
be consistently reproduced. The utilization of lower energy electrons, such as 120 keV, is beneficial for 
WBDF of austenitic steels because the sg value for the g3g condition exceeds the minimum recommended 
value. Using 200 keV electrons, for example, would require tilting the 3g Kikuchi line outside of the 3g 
spot to establish the same value of sg.  
  
(a) (b) 





Figure 3.14 Schematic [111] projection of the Thompson tetrahedron used for partial dislocation 
analysis. 
 
Figures 3.13(a) and (b) show BF and WBDF images of a dissociated dislocation observed in the 
Base alloy. The annotations in Figure 3.13(b) indicate the parameters used to calculate SFE, including the 
partial dislocation separation, d, and the dislocation angle, α. The dislocation angle is the angle between 
the dislocation line and Burgers vector, b, of the undissociated dislocation (which is parallel to the g 
vector used to form the images). Equation 3.2 can then be used to calculate SFE as a function of partial 
dislocation spacing and dislocation angle. The isotropic shear modulus, G, and Poisson ratio, ν, in 
Equation 3.2 were assumed to be the same for the three materials and were fixed at values of 74 GPa and 
0.3; these values were obtained from austenitic stainless steel literature [78]. The experimentally 
determined lattice parameters (Section 4.4) were used in Equation 3.2, although the small differences in 
a0 are not expected to influence SFE measurements significantly.  
  
 
ImageJ software was used to obtain values of α and d from TEM micrographs of dissociated 
dislocations. The dislocation angle was determined by measuring the relative orientations of the g vector 
used to form an image and the line tangent to the dislocation line at the point of interest. The partial 
dislocation separation was determined by performing a grayscale intensity line scan across the dissociated 
dislocation at the point of interest. Figure 3.15 shows an example ImageJ line scan across a dissociated 
dislocation in the Base alloy. Paired (α, d) data were collected along the length of several dissociated 
dislocation for the Base, 2.5 Si, and 2.5 Al alloys and input into Equation 3.2 to calculate SFE values that 





























dissociated dislocations were analyzed. Ten dislocations were analyzed for  boththe 2.5 Si alloy and the 
2.5 Al alloys. 
 
 















CHAPTER 4: RESULTS 
This chapter presents the major experimental results. The first section presents the influence of Si 
and Al alloying on the experimentally measured austenite stacking fault energy (SFE).  
The low cycle fatigue (LCF) behaviors of the experimental alloys, which are the focus of the thesis, are 
presented in the second section. The LCF mechanical responses of the four experimental alloys, including 
cyclic hardening behavior, martensite formation, and strain-life behavior are considered first. Then, 
transmission electron microscopy (TEM) characterization of the LCF deformation structures after cycling 
to failure is presented. The LCF deformation structures observed after interrupted cycling of the 2.5 Al 
alloy are also shown. X-ray diffraction (XRD) phase fraction results are the final LCF result presented. 
The third section presents the tensile behavior results. The stress-strain behavior, tensile deformation 
TEM microstructures, and XRD phase fraction analyses are included. The final section introduces the 
influence of Si and Al alloying on the austenite lattice parameter. 
4.1 Influence of Alloying on the Austenite Stacking Fault Energy 
Figures 4.1(a)-(c) show measurements of partial dislocation spacing as a function of dislocation 
angle for the Base, 2.5 Si, and 2.5 Al alloys determined from WBDF images of dissociated dislocations 
(open circles). In the figures, the solid lines represent the average calculated SFE for each material and 
the dashed lines indicate the upper and lower bounds from the calculated SFE standard deviation. The 
Base alloy SFE is 26.3 ± 3.0 mJ/m
2
, which is consistent with the literature value of 30 mJ/m
2
 for a 15 Ni – 
11 Cr austenitic steel alloy [40]. The literature value was determined based on TEM measurements of 
extended stacking fault nodes for numerous austenitic stainless steel compositions [40]. The 2.5 Si alloy 
SFE is 19.9 ± 2.0 mJ/m
2
 and the 2.5 Al alloys SFE is 38.3 ± 6.1 mJ/m
2
. Figure 4.1(d) shows the 
dependence of SFE on Si and Al alloying. Relative Si alloying refers to the difference in Si content 
between the 2.5 Si and Base alloys, and relative Al alloying refers to the difference in Al content between 
the 2.5 Al and Base alloys. Figure 4.1(d) indicates that 2.5 wt pct Al alloying increases austenite SFE by 
12 mJ/m
2
 while 2.5 wt pct Si alloying decreases SFE by 6.4 mJ/m
2
 from the Base alloy value. The 
2.8 Si-L alloy SFE was not determined experimentally, but based on its tensile deformation behavior 
(Section 4.3), it is inferred to have a low SFE, comparable to that of the 2.5 Si alloy. 
Aluminum is also reported in literature to increase the SFE [38,39,79,80], which is consistent 
with the current observations. However, there are conflicting reports of the effect of Si on austenite SFE; 
some sources indicate Si decreases SFE [41,45], which is supported by the current study, while others 
suggest the dependence of SFE on Si alloying is non-monotonic [38]. Linear empirical relationships 
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xA∑ , where xi is the wt pct of element i in austenite and 
SFE
i
A  is the linear SFE coefficient for 
element i with units of mJ/m
2
/wt pct. Table 4.1 contains the values of SFE
Si
A  and SFE
Al





Figure 4.1 Dependence of partial dislocation separation on dislocation angle for the (a) Base, (b) 
2.5 Si, and (c) 2.5 Al alloys (open circles). Equation 3.2 was used to calculate a SFE 
value for each data point, and the average SFE and standard deviation of SFE were 
calculated for each alloy. Solid lines indicate the calculated average partial dislocation 
separation as a function of dislocation angle, which was determined by rearranging 
Equation 3.2. Dashed lines indicate the scatter bands corresponding to one standard 
deviation. (d) Dependence of austenite stacking fault energy on Si and Al alloying. 
 










Dumay et al. considered the influence of Al on the thermodynamics of the γ to ε-martensite phase 
transformation in a high Mn steel using a thermochemical model, and predicted an Al SFE coefficient of 
approximately 5.2 mJ/m
2
/wt pct [38].  The thermochemical modeling results are in good agreement with 
the value of 4.9 mJ/m
2
/wt pct found in this study. In contrast, Kim et al. showed by TEM WBDF imaging 
of dissociated dislocations that Al increases the SFE in high-Mn steels by 11.3 mJ/m
2
/wt pct [39], which 
is higher than the value found in this study. However, the SFE range studied by Kim et al. was different 
than the current study (13 to 30 mJ/m
2
 vs. 20 to 38 mJ/m
2
 in the current study). The Al content 
investigated by Kim et al. was also different than that investigated in this study (1.5 vs. 2.5 wt pct), which 
could cause discrepancy between the two data sets if the true dependence of SFE on Al is nonlinear. 
Additionally, the SFE values reported by Kim et al. may have been further influenced by the presence of 
interstitial carbon atoms [80]. 
4.2 LCF Behavior 
This section presents the cyclic hardening responses, martensite fractions formed, and strain-life 
data for the four austenitic steel alloys at total strain amplitudes ranging from 0.3 to 0.9 pct. Additionally, 
TEM analyses of LCF deformation microstructures after cycling to failure at 0.6 pct total strain amplitude 
are presented for the four alloys. The deformation structures of the 2.5 Al alloy after cycling to 40 and 
500 cycles at 0.6 pct strain amplitude are also presented. Finally, XRD phase fraction analyses after 
cycling to failure at 0.6 pct strain amplitude are shown. 
4.2.1 LCF Mechanical Response and Martensite Formation 
Figure 4.2 shows the evolution of stress amplitude with cycle number for the four experimental 
steels tested at various total strain amplitudes; the Feritscope magnetic pcts at failure are also shown on 
the plots. At strain amplitudes of 0.6 pct and lower, the stress amplitude in the Base alloy increases with 
cycle number for the initial cycles, termed cyclic strain hardening (Figure 4.2(a)). After the cyclic 
hardening regime, at approximately 200 cycles for the Base alloy tested 0.6 pct strain amplitude, there is a 
plateau in stress amplitude, termed cyclic stabilization. Macroscopic fatigue crack propagation is 
indicated in the plots by a rapid decrease in stress amplitude just prior to LCF failure. Fatigue cracks were 
observed to open and grow perpendicular to the applied load. Most specimens formed a single dominant 
fatigue crack, but a few specimens contained multiple macroscopic fatigue cracks.  
In the Base alloy, there is a slight increase in stress amplitude, termed secondary cyclic 
hardening, after stabilization and just prior to fatigue crack propagation. At a strain amplitude of 0.9 pct, 
the cyclic strain hardening regime is followed by cyclic softening and LCF failure in the Base alloy. The 
Base alloy was not successfully tested at a strain amplitude of 0.75 pct due to instability in compression, 
which is discussed in Appendix B.  
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Initial cyclic strain hardening occurs in the 2.5 Si alloy, followed by cyclic stabilization, and 
slight secondary hardening at all strain amplitudes (Figure 4.2(b)). At all strain amplitudes, the 2.5 Al 
alloy cyclically hardens, stabilizes, and then undergoes secondary cyclic hardening (Figure 4.2(c)). At 
0.9 pct strain amplitude, less secondary cyclic strain hardening is achieved than at 0.75 pct strain 
amplitude, which is attributed to early fatigue crack propagation and truncation of the secondary 
hardening regime at 0.9 pct strain amplitude. This case is also discussed in Appendix B. Initial cyclic 
strain hardening, cyclic stabilization, and secondary cyclic strain hardening occurs in the 2.8 Si-L alloy 
prior to LCF failure at all strain amplitudes tested (Figure 4.2(d)). 
  
(a) Base (b) 2.5 Si 
  
(c) 2.5 Al (d) 2.8 Si-L 
Figure 4.2 Evolution of stress amplitude with cycle number for the (a) Base, (b) 2.5 Si, (c) 2.5 Al, 
(d) 2.8 Si-L alloy specimens for various strain amplitudes. The Feritscope magnetic pct at 
failure is indicated in parentheses for each amplitude. 
 
Stress-strain hysteresis loops were recorded for select cycles (see Section 3.3.4). Example 
stabilized hysteresis loops for the four alloys at 0.3, 0.6, and 0.9 pct total strain amplitude are shown in 
Appendix C. Appendix C also shows the hysteresis loop evolution with cycle number for the 2.5 Al alloy 
cycled at 0.6 pct total strain amplitude.  
 54 
Figure 4.3 shows the dependence of Feritscope magnetic fraction, obtained after failure, on total 
strain amplitude for the four steels. Minimal martensite formation occurs in the 2.5 Si alloy at all strain 
amplitudes tested. Martensite formation increases in the 2.8 Si-L alloy with increased strain amplitude.  
Deformation induced martensite also increases in the 2.5 Al alloy as strain amplitude is increased from 
0.3 pct to 0.6 pct, but the martensite fraction decreases as strain amplitude is further increased to 0.9 pct. 
The Base alloy shows a similar trend in martensite fraction to the 2.5 Al alloy, although the Base alloy 
transforms less than the 2.5 Al alloy at all strain amplitudes tested. 
 
Figure 4.3 Dependence of Feritscope magnetic fraction measured at failure on applied total strain 
amplitude for the four experimental steels. 
 
Figure 4.4 plots the maximum stress amplitude achieved during fatigue cycling versus Feritscope 
fraction measured at failure for the different strain amplitudes. Data for the 2.5 Si, 2.5 Al, and 2.8 Si-L 
alloys are plotted for all five strain amplitudes. However, data for the Base alloy is only plotted for strain 
amplitudes of 0.3, 0.45, and 0.6 pct, because higher strain amplitudes lead to cyclic softening or 
instability during testing. At all strain amplitudes, the maximum stress amplitude achieved appears to 
correlate with the amount of martensite measured at failure, which suggests martensite formation is the 
primary cause of secondary cyclic hardening. However, it is difficult to assess the statistical validity of 
this relationship due to the limited number of data points per strain amplitude. A thorough analysis of the 
relationship between martensite formation and secondary cyclic hardening is presented in Section 5.1.  
Figure 4.5 shows the strain-life plots for the four experimental steels in the very low cycle fatigue 
regime. The 2.5 Si alloy displays longer fatigue lives relative to the Base alloy at all amplitudes tested, 
but the effect is more pronounced at high amplitudes. The 2.5 Al and 2.8 Si-L alloys, which both form 
appreciable martensite fractions during LCF, show shorter fatigue lives than the 2.5 Si alloy at the higher 
amplitudes, but longer fatigue lives than the 2.5 Si alloy at lower amplitudes. The 2.5 Si alloy was chosen 
as a comparison reference for the other three alloys because it was successfully tested at all amplitudes 
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and formed the least martensite during LCF. Overall, the LCF life data are similar between the four alloys 
over the range of total strain amplitudes tested. 
 
Figure 4.4 Dependence of the maximum stress amplitude achieved during fatigue cycling on 




Figure 4.5 Total strain amplitude vs. number of reversals to failure for the four experimental steels. 
4.2.2 Base Alloy LCF Microstructures at Failure 
Figure 4.6 shows wall and channel persistent slip bands (PSBs), characterized by dislocation-rich 
walls (dark) and dislocation-deficient channels (light), formed in a Base alloy specimen cycled to failure 
at 0.6 pct total strain amplitude; the specimen was imaged with B~[011]. Figure 4.6(a) was formed with 
g = ]111[  and Figure 4.6(b) was formed with g = ]111[ . Figure 4.6(a) shows strong dislocation 
contrast, while Figure 4.6(b) shows weak contrast and multiple dislocations satisfying the invisibility 
criterion (white arrows in Figure 4.6(a)). Satisfaction of the invisibility criterion indicates that the 
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operative Burgers vector is perpendicular to g = ]111[ . Figure 4.6(c) shows the [011] projection of the 
Thompson tetrahedron that corresponds to Figures 4.6(a) and (b). The Burgers vector is AB on the 
tetrahedron schematic. The dislocation walls form with their long direction perpendicular to AB, and are 
therefore composed of edge dislocations. Most of the dislocation wall structure is too dense to resolve 
individual edge dislocations, but black arrows in Figure 4.6(a) indicate the presence of a few isolated edge 
dislocations. The edge dislocations appear long in the imaging conditions used. Therefore, the slip plane 
is inferred to be ABC. Plane ABD is the only other possible slip plane containing the Burgers vector AB, 
but if ABD was the slip plane, then edge dislocations would be nearly perpendicular to the foil and would 
appear short. The PSB structure shown in Figure 4.6 is consistent with literature observations of the 
dislocation substructure formed in FCC metals during LCF [50,51]. 
The low dislocation density channels in Figure 4.6 are spanned by individual dislocations that are 
nearly parallel to AB, which means they are of screw character. The white circles in Figure 4.6(a) indicate 
dislocation loop emission from the dislocation walls. Loop expansion yields loops that contact both walls 
of a dislocation channel. Further loop expansion by glide of the screw segments increases the length of 
the edge component in the walls. Interaction of screw dislocation components from opposing dislocation 
loops results in dislocation annihilation. Numerous dislocation dipoles are present in the channels, 
suggesting screw dislocation annihilation has occurred [50]. Figure 4.7(a) shows another PSB region at 
higher magnification with B~[111]. The Thompson tetrahedron in Figure 4.7(b) shows that the Burgers 
vector, CA, was used to form the two beam condition.  The black arrows show individual wall edge 
dislocations. The white arrows highlight dislocation dipoles formed in the channels. 
TEM was only performed on interior grains, due to the specimen sectioning and punching 
technique used. Interior grains form fewer PSBs than surface grains, and fewer still than single crystal 
specimens [50,51]. Nonetheless, PSBs still form in interior grains, and their formation is promoted by a 
large grain size [50], which is consistent with this study. The PSBs that form in interior grains may not 
have as severe of strain localization sites as those in surface grains or single crystals, due to constraint 
from the surrounding grains. Regardless, the PSB-like wall and channel structures observed in this study 
have been characterized as PSBs, since the predominance of single slip distinguishes them from cell and 
labyrinth structures (discussed later). 
Figure 4.8(a) shows a bright field (BF) TEM micrograph of martensite formation in the PSB 
structure of the Base alloy. The SADP in Figure 4.8(c) indicates the martensite (112) spot used to form 
the dark field image in Figure 4.8(b). Martensite particles in the Base alloy PSB structure were found to 
be less than 3 µm in length and were widely spaced within the PSB structure. Small, infrequent martensite 
particles are consistent with the small amount of martensite measured in the Base alloy LCF specimen 






Figure 4.6 (a) and (b) Bright field TEM micrographs of persistent slip bands formed in a Base alloy 
specimen cycled to failure (NF = 3818) at 0.6 pct strain amplitude using two different 
g = <111> two beam conditions with B~[011]. (c) Corresponding [011] projection of the 
Thompson tetrahedron. Black arrows indicate individual wall dislocations, white arrows 













Figure 4.7 (a) Bright field TEM micrograph of persistent slip bands formed in a Base alloy specimen 
cycled to failure (NF = 3818)  at 0.6 pct strain amplitude with B~[111] and g = ]022[ . (b) 
Corresponding [111] projection of the Thompson tetrahedron. Black arrows indicate 
individual wall dislocations and white arrows indicate dislocation dipoles in the channels. 
 
Figure 4.9 shows an example of elongated dislocation cells formed in the Base alloy after cycling 
to failure at 0.6 pct total strain amplitude. The cell to cell diffraction contrast is due to small differences in 
cell orientation. Cell structures become smaller and more equiaxed with increased cycling [50]. 
Therefore, elongated cells were most likely formed near the end of the fatigue life. The Base alloy LCF 
microstructure contained predominantly PSBs and elongated cells. Other deformation microstructures, 
discussed in the following sections, were also present in smaller quantities in the Base alloy. 
4.2.3 2.5 Si Alloy LCF Microstructures at Failure 
The 2.5 Si alloy displayed different dominant LCF microstructures than the Base alloy. 
Figure 4.10(a) shows an example of dislocation tangles in the 2.5 Si alloy after cycling to failure at 0.6 pct 
total strain amplitude. The dislocation tangles consist of relatively homogeneously distributed 
dislocations, a structure distinctively different from the alternating regions of high and low dislocation 
densities shown in Figure 4.6 for Base alloy PSBs. Figure 4.10(b) shows a dislocation bundle formed 
adjacent to the tangles.  
Figure 4.11 shows a dislocation vein structure formed in the same grain imaged in Figure 4.10. 
The vein structure displays a heterogeneous dislocation distribution, with the dislocation rich veins being 
broader and less defined than walls in PSB or cell structures. Vein structures form by the rearrangement 






Figure 4.12 shows a transition region from a dislocation tangle structure to a bundle/vein structure, which 
is consistent with the literature observations [50]. 
Figure 4.13 shows a transition from a bundle/vein dislocation structure to a dislocation wall and 
channel structure near a grain boundary in the 2.5 Si alloy cycled to failure at 0.6 pct strain amplitude. 
The wall and channel structure differs from the vein structure because the dislocation rich walls are better 
defined and more regularly spaced than the veins. It is unclear from Figure 4.13 whether the wall and 
channel structure formed near the grain boundary is a PSB structure (discussed previously in 
Section 4.2.2) or a labyrinth structure (discussed next in Section 4.2.4) because only a few wall and 
channel iterations are present. Both structures are consistent with the higher local stresses/strains 





Figure 4.8 (a) Bright field and (b) martensite (112) dark field TEM micrographs of a martensite 
particle formed in the persistent slip band structure of a Base alloy specimen cycled to 
failure (NF = 3818) at 0.6 pct strain amplitude. (c) Selected area diffraction pattern 




Figure 4.9 (a) Bright field TEM micrograph of elongated dislocation cells formed in a Base alloy 
specimen cycled to failure (NF = 3818) at 0.6 pct strain amplitude with B~[110] and 




Figure 4.10 Bright field TEM micrographs of (a) tangled dislocation structures and (b) a dislocation 
bundle formed in a 2.5 Si alloy specimen cycled to failure (NF = 4119) at 0.6 pct strain 
amplitude. B~[110] and g = ]111[ . 
 
Figure 4.14 shows wall and channel PSBs formed in the 2.5 Si material cycled to failure at 0.6 pct 
strain amplitude. The white arrows in Figure 4.14 indicate small martensite particles associated with the 
PSB structure. The 2.5 Si alloy experienced minimal transformation during cyclic loading (Figure 4.3). 
Accordingly, all martensite particles were on the order of 1 µm or less in length and were sparsely 
distributed in the PSB structure. 
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Figure 4.11 Bright field TEM micrograph of a dislocation vein structure formed in a 2.5 Si alloy 
specimen cycled to failure (NF = 4119) at 0.6 pct strain amplitude. B~[110] and 
g = ]111[ . 
 
 
Figure 4.12 Bright field TEM micrograph of a transition from dislocation tangle (right side) to vein 
(left side) dislocation structures in a 2.5 Si alloy specimen cycled to failure (NF = 4119)  
at 0.6 pct strain amplitude. B~[110] and g = ]111[ . 
 
Figure 4.15(a) shows a deformation twin and extended stacking faults in the 2.5 Si material 
cycled to failure at 0.6 pct strain amplitude. Figure 4.15(b) shows that the twin was identified using 
satellite diffraction spots from the inclined austenite/twin interface with a B~[001]A beam condition. The 
twin is determined to be deformation induced and not related to annealing because of the strain contrast at 
the twin/austenite interface. Deformation twins were not frequently observed, and therefore they are not 
expected to contribute greatly to the mechanical response during cyclic loading over the range of strain 
 62 
amplitudes tested. Instead, the 2.5 Si alloy LCF microstructure was dominated by dislocation 
bundles/veins and PSBs. 
 
 
Figure 4.13 Bright field TEM micrograph of a transition from a vein to wall and channel dislocation 
structure near a grain boundary in a 2.5 Si alloy specimen cycled to failure (NF = 4119) at 
0.6 pct strain amplitude. B~[110] and g = ]022[ . 
 
 
Figure 4.14 Bright field TEM micrograph of martensite formation (arrows) adjacent to persistent slip 
bands in a 2.5 Si alloy specimen cycled to failure (NF = 4119) at a strain amplitude of 
0.6 pct. B~[001]A and g = [200]A. 
4.2.4 2.5 Al Alloy LCF Microstructures at Failure 
Figure 4.16 shows an example of dislocation cells formed in a 2.5 Al alloy specimen cycled to 
failure at 0.6 pct total strain amplitude. The dislocation cells consist of equiaxed dislocation-poor interiors 
surrounded by dislocation-rich walls. Dislocation cells can evolve from PSBs through activation of 





specimen. Dislocation labyrinths, like PSBs, consist of an alternating elongated wall/channel structure. 
However, dislocation labyrinths display two predominant orientations of walls/channels that require 
activation of secondary slip. Secondary slip activation results in hardening of the structure, much like 
dislocation cells. Figure 4.18 shows a grain displaying cellular and labyrinth dislocation structures, both 






Figure 4.15 (a) Bright field TEM micrograph of a deformation twin (top left to lower right) and 
extended stacking faults (lower left to top right) in a 2.5 Si alloy specimen cycled to 
failure (NF = 4119) at 0.6 pct strain amplitude. (b) Selected area diffraction pattern with 
B~[001]A (dashed square pattern) and g = [220]A. Satellite spots (arrows) indicate double 
diffraction arising from the inclined twin. 
 
 
Figure 4.16 Bright field TEM micrograph of equiaxed dislocation cells in a 2.5 Al alloy specimen 









Figure 4.17 (a) Bright field TEM micrograph of dislocation labyrinths in a 2.5 Al specimen cycled to 
failure (NF = 2788) at 0.6 pct strain amplitude with B~[111] and g = ]022[ . (b) 
Corresponding [111] projection of the Thompson tetrahedron. 
 
 
Figure 4.18 Bright field TEM micrograph of a 2.5 Al alloy grain displaying cellular dislocation 
structures (left) and labyrinth structures (right) after cycling to failure (NF = 2788) at 
0.6 pct strain amplitude.  
 
Figure 4.19 shows an example of a labyrinth dislocation structure formed adjacent to a wall and 
channel PSB structure in a single grain of the 2.5 Al alloy. Figure 4.19 demonstrates that the PSBs 
involve a single prevailing wall/channel orientation, while labyrinths contain two wall/channel 
orientations.  
Figure 4.20(a) shows an example of a wall and channel PSB in the 2.5 Al alloy. Figure 4.20(b) 






dissociated dislocations confirms the Burgers vector is b = ]022[  and validates the tilting analysis 
presented in Section 4.2.2 for the PSBs in the Base alloy.  
 
Figure 4.19 Bright field TEM micrograph of a PSB dislocation structure (left) adjacent to a labyrinth 
structure (right) in a 2.5 Al specimen cycled to failure at 0.6 pct strain amplitude. 
 
Figure 4.21 shows that martensite was also observed in 2.5 Al alloy PSB structures. Like the Base 
alloy, the martensite particles in the 2.5 Al alloy PSB structures were small and isolated.  
Figures 4.22(a) and (b) show martensite associated with a dislocation cell structure. The SADP in 
Figure 4.22(c) indicates the coincidence of the austenite (111) and martensite (110) planes. The austenite 
Thompson tetrahedron in Figure 4.22(d) shows that the long direction of the martensite particle is parallel 
to the coincident austenite (111) and martensite (110) planes. Martensite formation associated with cell 
structures was limited because the martensite particles are confined by the dislocation cell walls.  
Figure 4.23 shows martensite formed on an austenite grain boundary in the 2.5 Al alloy after 
cycling. Grain boundaries are preferential sites for martensite formation due to compatibility stresses and 
strains. Nonetheless, grain boundary martensite was not frequently observed in the alloys. 
Figure 4.24 shows a region with irregular bands of martensite, which is the predominant 
martensite morphology in the 2.5 Al alloy cycled to failure at 0.6 pct strain amplitude. The SADP in 
Figure 4.22(c) demonstrates the same austenite (111) and martensite (110) coincidence noted for 
martensite formed adjacent to dislocation cells. Additionally, the Thompson tetrahedron in Figure 4.22(d) 
shows that the long direction of the martensite bands is again parallel to the coincident austenite (111) and 
martensite (110) planes. All of the martensite bands in the region comprise a single martensite variant, 








Figure 4.20 (a) Bright field and (b) weak beam dark field TEM micrographs of a persistent slip band 
in a 2.5 Al alloy specimen cycled to failure at 0.6 pct strain amplitude. (c) Higher 
magnification image of (b) showing dissociated dislocations (arrows). B is between [111] 
and [112] and g = b = ]022[ . 
 
The austenite dislocation structure immediately surrounding the irregular, banded martensite is 
mottled and difficult to resolve in the BF TEM image shown in Figure 4.24. Nonetheless, the local 
dislocation structure does not match any other type of dislocation structure observed in specimens cycled 
to failure. Efforts to discern the dislocation structure adjacent to irregular martensite bands are discussed 







Figure 4.21 (a) Bright field and (b) martensite (110) dark field TEM micrographs of martensite 
formed on the PSB structure of a 2.5 Al alloy specimen cycled to failure (NF = 2788) at 
0.6 pct strain amplitude. (c) Selected area diffraction pattern showing the spot (circled) 
used for dark field imaging. 
 
The 2.5 Al alloy LCF microstructure was dominated by cells and labyrinths, martensite, mottled 
structures near martensite, with the presence of some wall and channel PSBs. Martensite was 
predominantly found in an irregular band morphology adjacent to the mottled dislocation structure. 
Smaller fractions of martensite were embedded in dislocation cells and PSBs, as well as adjacent to grain 
boundaries. The martensite near PSBs in the 2.5 Al alloy was similar in size and frequency to the 
martensite near PSBs in the Base alloy. 
4.2.5 2.8 Si-L Alloy LCF Microstructures at Failure 
The 2.8 Si-L LCF specimens also contained the irregular band morphology of martensite that was 
found in the 2.5 Al alloy. Figures 4.25(a) and (b) show BF and martensite DF images of irregular band 
martensite formed in the 2.8 Si-L alloy. Similarly to the irregular band martensite in the 2.5 Al alloy, the 
 M (110) )111(Α 
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dislocation structure immediately adjacent to the martensite in the 2.8 Si-L alloy is mottled and cannot be 
easily resolved. Small fractions of martensite were also present in dislocation cell structures, similarly to 












(a) (b) (d) 
Figure 4.22 (a) Bright field and (b) martensite (110) dark field TEM micrographs of martensite 
formation associated with a dislocation cell in a 2.5 Al alloy specimen cycled to failure 
(NF = 2788) at 0.6 pct strain amplitude. (c) Selected area diffraction pattern indicating the 
austenite [110] pattern (solid irregular hexagon), martensite [001] pattern (dashed 
square), and martensite spot used for dark field imaging (arrow). (d) Corresponding [110] 
projection of the austenite Thompson tetrahedron. 
 
Figure 4.26 shows martensite formation associated with PSB structures in the 2.8 Si-L alloy. The 
martensite particles associated with PSBs in the 2.8 Si-L alloy are larger than those in the Base, 2.5 Si, or 
2.5 Al alloys and sometimes exceed 10 µm in length. Figure 4.26(a) shows diffraction contrast with 
B // [110]A and Figure 4.26(b) shows diffraction contrast with B // [111]M. Approximately 15° of 
specimen tilt was required to tilt from [110]A to [111]M. 
Figures 4.27(a) and (b) show higher magnification BF TEM micrographs of the martensite 
particle presented in Figure 4.26 with different austenite two beam conditions. Figure 4.27(a) 
demonstrates that persistent slip band screw dislocations (black arrows) and dislocations emanating from 
the martensite particle (circled) are in contrast when imaged with g = ]111[ A. Figure 4.27(b) 
demonstrates that when g is switched to [002]A, both sets of dislocations are taken out of contrast. The 
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[110] projection of the Thompson tetrahedron shown in Figure 4.27(c) indicates that the operative 
Burgers vector is BC. Therefore, both sets of dislocations represent the same slip system, (ABC)[BC]. 
The white arrows in Figure 4.27(a) show fringe contrast from the austenite-martensite interface. The 
fringe contrast indicates that the interface is inclined to the foil in the imaging condition used. The 
interface is not perfectly straight in general, but the fringes near the white arrows in Figure 4.27(a) are 
straight and lie parallel to BC, suggesting this vector is contained in the interfacial plane.  
 
Figure 4.23 Bright field TEM micrograph of martensite (M) formed on an austenite grain boundary 
(GB) in a 2.5 Al specimen cycled to failure (NF = 2788) at 0.6 pct strain amplitude. 
 
The martensite formed in PSB regions is distinguished from the irregular band martensite formed 
in mottled regions because the PSB martensite particles are more widely spaced from one another. 
Furthermore, all of the irregular martensite bands in a given region represent a single martensite variant; 
the martensite bands all share a common diffraction motif and illuminate with a single TEM dark field 
condition (Figure 4.24). In contrast, PSB martensite particles adjacent to one another do not generally 
represent the same variant; Different diffraction motifs are observed for different particles and dark field 
imaging generally does not illuminate more than one particle. The irregular martensite bands are also 
encompassed by the mottled dislocation structure and not the clear wall and channel PSB structure. 
The 2.8 Si-L alloy LCF microstructure contained predominantly the mottled dislocation structure, 
dislocation cells, and wall and channel PSBs. Martensite was found predominantly in the irregular band 
morphology adjacent to mottled austenite. Large martensite particles were also formed in the wall and 
channel PSB structure.  
4.2.6 Summary of LCF Microstructures at Failure 
Sections 4.2.2 to 4.2.5 presented the microstructural observations of the Base, 2.5 Si, 2.5 Al, and 






Table 4.2 summarizes the SFE, Feritscope magnetic pct, dislocation structures, and martensite 
morphologies for the four experimental steels. The Base alloy microstructure was dominated by PSBs and 
elongated cells. The 2.5 Si alloy displayed predominantly dislocation bundles/veins and PSBs. The 2.5 Al 
alloy contained large fractions of the mottled structure, dislocation labyrinths, and equiaxed cells, with 
some PSBs. The 2.8 Si-L alloy contained the mottled structure, cells, and PSBs. Dislocation 
bundles/veins and PSBs are predominantly single slip dislocation structures [50]. Secondary slip 
contributes to the formation of dislocation labyrinths and cells (elongated or equiaxed) [50]. PSBs are 






                  
(c) (d) 
Figure 4.24 (a) Bright field and (b) martensite (110) dark field TEM micrographs of irregular band-
like martensite formation in a 2.5 Al alloy specimen cycled to failure at 0.6 pct strain 
amplitude. (c) Selected area diffraction pattern indicating the austenite [110] pattern 
(solid irregular hexagon), martensite [001] pattern (dashed square), and martensite spot 








Figure 4.25 (a) Bright field and (b) martensite (110) dark field TEM micrographs of martensite 





Figure 4.26 Bright field TEM micrograph of martensite formed in a 2.8 Si-L alloy specimen cycled to 
failure at 0.6 pct strain amplitude with (a) B // [110]A and (b) B // [111]M. Circles indicate 
the areas selected for diffraction. 
 
Martensite occurred in four distinct forms: irregular bands adjacent to the mottled structure, 
particles in dislocation cell structures, particles in PSBs, and particles on grain boundaries. The irregular 
martensite bands were the predominant morphology observed in the 2.5 Al and 2.8 Si-L alloys, which 








Figure 4.27 Higher magnification bright field TEM micrographs of areas near the circled regions in 
Figure 4.26 with B~[011]A and (a) g = ]111[ A and (b) g = [002]A two beam conditions. 
The black arrows indicate screw dislocations of the PSB structure and the white ovals 
indicate dislocations emanating from the martensite. The white arrows indicate fringe 
contrast from the inclined austenite-martensite interface. (c) Corresponding [011] 














Table 4.2 – Summary of Microstructures after Cycling to Failure at 0.6 pct Strain Amplitude 
 
4.2.7 Interrupted 2.5 Al Alloy LCF Microstructures 
LCF specimens of the 2.5 Al alloy were interrupted at 40 and 500 cycles at 0.6 pct total strain 
amplitude for TEM characterization. The cycle numbers were chosen to represent the end of primary 
hardening (40 cycles) and the early stage of secondary hardening (500 cycles). The 2.5 Al alloy was 
chosen because it displayed the most transformation at this strain amplitude, and because the 2.5 Al alloy 
had the highest SFE. The classical Olson-Cohen shear band intersection martensite nucleation mechanism 
indicates that a high SFE value should suppress α-martensite. Therefore, the 2.5 Al alloy offers an 
interesting case study of martensite formation during fatigue loading.  
Figure 4.28 shows complex dislocation tangles formed in the 2.5 Al alloy after 40 cycles. The 
dislocation structures observed after 40 cycles are homogeneous and do not consist of repeating iterations 
of dislocation rich and dislocation poor regions. The dislocations have largely not been configured into 
lower energy dislocation structures, such as dislocation veins or PSBs, at the end of primary hardening. 
Figure 4.29 shows dislocation veins formed in the 2.5 Al alloy after 500 cycles at 0.6 pct strain 
amplitude. Bundles/veins were the predominant dislocation configuration after 500 cycles. Figure 4.30 
shows the formation of a PSB structure embedded in the vein structure. The PSBs, unlike veins, are 
regions of highly localized plastic deformation. Figure 4.31 shows an image of a labyrinth structure 
developing in the same specimen. Two distinct slip systems, with straight dislocations parallel to 
directions AB and AC, are observed in the channels.  
Martensite and mottled austenite were not observed after 40 cycles, but irregular band martensite 
was observed after 500 cycles (Figure 4.32). Figure 4.32 shows the martensitic regions are embedded in a 
dislocation bundle/vein structure, which was the predominant dislocation structure after 500 cycles. The 















3818 2.9 ± 1.0 
Persistent slip bands 
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4119 0.6 ± 0.2 
Veins and Bundles 
Persistent slip bands 
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Irregular band morphology  
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Figure 4.28 Bright field TEM micrograph of complex dislocation tangles in a 2.5 Al alloy specimen 




Figure 4.29 Bright field TEM micrograph of veins formed in a 2.5 Al alloy specimen cycled N = 500 
times at 0.6 pct strain amplitude. B~[111] and g = ]022[ . 
 
Figure 4.33 summarizes the dislocation structures observed at various points along the cyclic 
hardening curve for the 2.5 Al alloy. Primary hardening was due to the generation of dislocation tangles 
during the initial cycles. Stabilization is linked with the development of bundle/vein and PSB structures. 
Early in the secondary hardening stage, irregular band martensite was observed, along with the onset of 
dislocation labyrinths. At failure, the microstructure contained labyrinths, cells, martensite (adjacent to 
mottled austenite) and wall and channel PSBs. 
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Figure 4.30 Bright field TEM micrograph of a PSB formed in the vein structure of a 2.5 Al alloy 







Figure 4.31 Bright field TEM micrograph of a labyrinth structure in a 2.5 Al alloy specimen cycled 
N = 500 times at 0.6 pct strain amplitude. B~[110] and g = [002]. 
4.2.8 LCF Specimen XRD Phase Analysis 
Figures 4.34(a) and (b) show the CrKα XRD scans for the 2.5 Al alloy after cycling to failure at 
0.6 pct strain amplitude and sectioning at 90° and 45° to the loading axis. The purpose of the scans was to 
quantify martensite fraction and evaluate whether or not substantial fractions of HCP ε-martensite formed 
as a result of LCF straining. The 90° scan yields 12.1 pct martensite while the 45° scan yields 15.3 pct 








XRD scans for the 2.8 Si-L alloy after cycling to failure at 0.6 pct strain amplitude. The 90° scan 
indicates there is 20.5 pct martensite and the 45° scan indicates there is 14.9 pct martensite. There is 
discrepancy between the two section orientations. Differences in diffracted intensity with a change in 
specimen orientation indicate the presence of crystallographic texture, which is known to skew phase 
fraction measurements using XRD [74].  
 
 
Figure 4.32 Bright field TEM micrograph of martensite bands (M) formed in a 2.5 Al alloy specimen 
cycled N = 500 times at 0.6 pct strain amplitude. The austenite (A) structure away from 




Figure 4.33 Summary of deformation structures and cyclic hardening response of the 2.5 Al alloy 
















The scans for the Base and 2.5 Si alloy show minimal martensite fraction and are not shown. 
Diffraction peaks for HCP ε-martensite were not quantifiable in any of the LCF or tensile specimens. For 
both the 2.5 Al and 2.8 Si-L alloys, the effect of specimen orientation on calculated martensite fraction 
after LCF loading is present, although to a lesser degree than after tensile loading (see Section 4.3.7). For 
the 2.5 Al and 2.8 Si-L alloy LCF specimens, both the 90° and 45° XRD scan orientations yield higher 
martensite fractions than Feritscope magnetic measurements. Feritscope magnetic measurements are 
expected to underestimate the actual martensite fraction for two reasons. First, the Feritscope readings 
were taken on the curved surfaces of the round bar samples. Curved surfaces give lower Feritscope 
readings than flat surfaces (Appendix A). Second, the Feritscope is calibrated for ferrite, not martensite, 
and Feritscope readings taken from flat surfaces could be multiplied by a factor of 1.7 following the 
method proposed by Talonen et al. to obtain true martensite fractions [72]. Correcting for both of these 
factors would increase the Feritscope martensite fractions. However, crystallographic texture is known to 
skew XRD estimations of martensite fraction [72,74], and could cause inherent discrepancy between the 
Feritscope and XRD methods. Because of the multiple factors that can influence both XRD and 
Feritscope results, no effort was made to match the measurements from the two techniques.  
  
(a) (b) 
Figure 4.34 X-ray diffraction scans (CrKα radiation) from a 2.5 Al alloy specimen cycled to failure 
(NF = 2788) at 0.6 pct strain amplitude and sectioned at (a) 90° and (b) 45° from the 
loading axis. The calculated martensite fraction is indicated for each scan. The peaks 
used for martensite quantification are indicated with asterisks. The average Feritscope 
magnetic pct for this condition is 9.2 pct. 
4.3 Tensile Behavior 
The following sections will present the tensile stress-strain responses, martensite formation 






Figure 4.35 X-ray diffraction scans (CrKα radiation) from a 2.8 Si-L alloy specimen cycled to failure 
(NF = 3114) at 0.6 pct strain amplitude and sectioned at (a) 90° and (b) 45° from the 
loading axis. The calculated martensite fraction is indicated for each scan. The peaks 
used for martensite quantification are indicated with asterisks. The average Feritscope 
magnetic pct for this condition is 5.9 pct. 
4.3.1 Mechanical Response and Martensite Evolution 
Figures 4.36(a) and (b) show the engineering and true stress-strain curves for the four 
experimental steels. Duplicate tests were run for each material and are shown in the figures. Excursions in 
the stress-strain curves correspond to points where the extensometer was reset. Table 4.3 summarizes the 
tensile properties of the steels, which were obtained by averaging the duplicate data sets. 
The Base alloy has the lowest yield strength, followed by the 2.5 Al, 2.5 Si, and 2.8 Si-L alloys. 
Figure 4.36(c) shows the evolution of the instantaneous strain hardening rate with true strain. The Base 
and 2.5 Al alloy strain hardening rates decrease monotonically with increasing strain. The 2.5 Si and 
2.8 Si-L alloys initially work harden at a lower rate than the Base and 2.5 Al alloys, but beyond 0.2 true 
strain, the Si-alloyed materials work harden more rapidly than the Base and 2.5 Al alloys. The constant 
work hardening rates (plateaus) of the 2.5 Si and 2.8 Si-L alloys from approximately 0.1 to 0.35 true 
strain are consistent with deformation twinning [48]. Martensite formation can be ruled out as the primary 
cause of the similar work hardening behaviors of the two Si-alloyed materials, since they display the 
highest (2.8 Si-L) and lowest (2.5 Si) amounts of transformation. Increased work hardening in the Si 
alloyed materials at high strains results in the higher tensile strengths, uniform elongations, and total 
elongations (Table 4.3). Figure 4.36(d) shows the evolution of α-martensite fraction, plotted as Feritscope 
magnetic fraction, with true strain; the data were obtained from a single interrupted tensile test of each 
material (open symbols). The martensite fractions measured on the duplicate uninterrupted tensile 
specimens, tested to failure, are also shown (solid symbols). The 2.8 Si-L alloy forms the most martensite 
during tensile loading, followed by the 2.5 Al, Base, and 2.5 Si alloys. 
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Figure 4.36 (a) Engineering stress-strain curves and (b) true stress-strain curves for the four 
experimental steels. (c) Instantaneous strain hardening rate as a function of true strain. (d) 
Evolution of Feritscope magnetic fraction with applied true strain (open symbols). Closed 
symbols indicate the magnetic fractions measured from specimens that were tested to 
failure without interruption. 
4.3.2 Base Alloy Tensile Microstructures 
Figure 4.37 shows examples of dislocation cells formed in the uniform strain region of a Base 
alloy tensile specimen at failure. The cells consist of walls with a high dislocation density (dark) and 
interiors with low dislocation density. Dislocation cells were the predominant deformation structures in 
the Base alloy. Figures 4.38(a) and (b) show BF and twin DF micrographs of deformation twins formed in 
the Base alloy. Figure 4.38(c) shows the corresponding indexed SADP. The deformation twins are narrow 
  
(a) (b) 
       
(c) (d) 
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(≤ 50 nm), resulting in streaking of the SADP perpendicular to the twins due to relrod effects [77]. 
Deformation twins form in groups consisting of several twins separated by thin matrix austenite regions. 
The groups of twins are frequently isolated from other twinned regions; the twins shown in Figure 4.38 
are surrounded by cellular dislocation structures. Martensite was not observed in the Base alloy tensile 
specimen, although the Feritscope measurements indicate a small fraction exists (Figure 4.36(d)). HCP ε-
martensite was also not observed with TEM in any of the tensile specimens. 
 
Table 4.3 – Tensile Properties of the Experimental Steels 
 
Figure 4.37 Dislocation cell structure formed in a Base alloy tensile specimen at 0.41 true strain. 
B~[110] and g = ]111[ . 
4.3.3 2.5 Al Alloy Tensile Microstructures 
Figure 4.39 shows dislocation cells formed in the uniform strain region of a 2.5 Al alloy tensile 
specimen pulled to failure. Like the Base alloy, the 2.5 Al tensile deformation microstructure consisted 
predominantly of dislocation cells. Figures 4.40(a) and (b) show BF and DF TEM images of deformation 
bands formed adjacent to dislocation cells in the 2.5 Al alloy. TEM tilting experiments did not indicate 
diffraction events associated with non-austenitic phases or twinned austenite. Instead, the bands consist of 
austenite with a few degrees of misorientation relative to the matrix. Therefore, the bands are interpreted 
to be regions of high local dislocation density.  
 Engineering True 
Material 












Base 142 455 0.51 1.00 687 0.41 
2.5 Si 177 540 0.62 1.06 875 0.48 
2.5 Al 167 489 0.45 0.93 709 0.37 
2.8 Si-L 193 580 0.65 1.05 957 0.50 
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Figure 4.41(a) shows a BF TEM micrograph from a 2.5 Al tensile specimen at failure. 
Figures 4.41(b)-(d) show dark field TEM micrographs obtained using the diffraction spots indicated in 
Figure 4.41(e). The images contain deformation twins of a single orientation and two variants of 
martensite (M1 and M2). Two different martensite variants were identified because the martensite 
diffraction spots used to form the two martensite DF images do not lie at appropriate angles to one 
another to originate from a single martensite variant; the selected martensite (110) and (112) spots are 60° 
from one another, and do not satisfy any of the allowable 30°, 54.7°, 72.3°, or 90° interplanar angles for 
the two plane families [77]. Martensite was found primarily adjacent to deformation twinned regions in 
the 2.5 Al alloy. 
 
  
(a) BF (b) Twin DF 
 
(c) SADP 
Figure 4.38 (a) Bright field and (b) twin (111) dark field micrographs of deformation twins formed in 
a Base alloy tensile specimen at 0.41 true strain. (c) Indexed selected area diffraction 
pattern (A for matrix austenite, T for twinned austenite) for B~[011]A. The circled spot 




Figure 4.39 Dislocation cell structure formed in a 2.5 Al alloy tensile specimen at 0.37 true strain. 
B~[110]A and g = [002]A. 
 
Figure 4.40 (a) Bright field and (b) dark field TEM micrographs of deformation bands formed in a 
2.5 Al alloy tensile specimen at 0.37 true strain. (c) Selected area diffraction pattern 
indicating the spot used for (b) with B~[110]A. 
 
4.3.4 2.5 Si Alloy Tensile Microstructures 
Figures 4.42(a) and (b) show BF TEM micrographs, produced with different tilting conditions, of 
a single region in a 2.5 Si tensile specimen at failure. Figure 4.42(c) and (d) show TEM DF micrographs 
using the deformation twin diffraction spots indicated in Figures 4.42(e) and (f). In both SADPs, the 
diffraction spots streak perpendicular to the twins. Both sets of BF/DF images were taken near B~[011]A 
because twin relationships are easily recognized in this orientation. However, diffraction contrast was 






(a) BF (b) DF (c) 
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(a) BF (b) Twin DF 
  
(c) M1 DF (d) M2 DF 
  
(e) SADP for a-c (f) SADP for d 
Figure 4.41 (a) Bright field, (b) Twin )002( , (c) M1 (110), and (d) M2 (112) dark field TEM 
micrographs from a 2.5 Al alloy tensile specimen at 0.37 true strain. (e) Selected area 
diffraction pattern for images (a)-(c) indicating the diffraction spots used. (f) SADP for 










(a) BF (b) BF 
  







(e) SADP (f) SADP 
Figure 4.42 (a, b) Bright field TEM micrographs, (c) T1 (200), and (d) T2 (200) dark field TEM 
micrographs of deformation twins formed in a 2.5 Si alloy tensile specimen at 0.48 true 
strain. (e, f) Selected area diffraction patterns indicating the spots (circled) used for dark 
field imaging in (c) and (d) with B~[011]A. 
 
Figures 4.43(a) and (b) show BF and martensite DF TEM micrographs from a 2.5 Si tensile 
specimen pulled to failure. Figure 4.43(c) shows the corresponding SADP. The region consists of two 
orientations of deformation twins (T1 and T2) and small martensite particles associated with twin 
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intersections. Martensite particles were small and infrequent in the 2.5 Si alloy tensile specimens, in 
agreement with the low fractions detected with the Feritscope (Figure 4.36(d)).  
The tensile deformation microstructure for the 2.5 Si alloy was dominated by closely spaced 
deformation twins, often with multiple twinning systems active in a given region. Nonetheless, some 
areas containing dislocation cells were present. Figure 4.44 shows dislocation cells formed in the 2.5 Si 
tensile specimen pulled to failure. In contrast to the Base and 2.5 Al alloys, though, cellular dislocation 
structures in the 2.5 Si alloy also contained extended stacking faults (SFs), as indicated in Figure 4.44. 
(a) BF (b) Martensite DF 
(c) SADP 
Figure 4.43 (a) Bright field and (b) martensite (110) dark field TEM micrographs of martensite 
formation associated with deformation twins in a 2.5 Si alloy tensile specimen at 0.48 
true strain. (c) Selected area diffraction pattern indicating the martensite (110) diffraction 
spot (circled) used for DF imaging with B~[011]A. The matrix motif is indicated with 
solid lines, the T1 motif with short dashed lines, and the T2 motif with long dashed lines. 
4.3.5 2.8 Si-L Alloy Tensile Microstructures 
TEM analysis of 2.8 Si-L tensile specimens was complicated by the large amounts of deformation 








the electron beam, making it difficult to tilt the specimen to specific diffraction conditions. 
Figures 4.45(a) and (b) show BF and martensite DF TEM images of a 2.8 Si-L tensile specimen. 
Figure 4.45(c) shows the corresponding SADP with strong martensite diffraction spots and B~[110]M. 
The martensite forms in long, parallel bands. The nature of the preexisting austenite deformation structure 
could not be positively identified via TEM in tensile specimens strained until failure. A tensile specimen 
was interrupted at 0.14 true strain for additional TEM analysis. A true strain of 0.14 was chosen because 
it lies in the regime of constant strain hardening (Figure 4.36(c)). Additionally, less than 5 pct martensite 
is formed at 0.14 true strain (Figure 4.36(d)), which facilitates identification of austenite deformation 
structures.  
 
Figure 4.44 Bright field TEM micrograph of dislocation cells formed in a 2.5 Si alloy tensile 
specimen at 0.48 true strain. Stacking faults are indicated. B~[110] and g = ]111[ . 
 
Figure 4.46(a)-(b) show martensite formed in the 2.8 Si-L tensile specimen interrupted at 0.14 
true strain. The martensite morphology at 0.14 true strain is comparable to that observed at failure 
(Figure 4.45). Figure 4.46(c)-(d) show the SADP and Thompson tetrahedron for the region. The 
diffraction streaking is due to stacking faults on plane ACD that run parallel to the martensite band. 
Stacking faults were also observed on plane ABC. Martensite formation may be associated with austenite 
deformation bands, since the martensite band in Figure 4.46 displays a straight interface that is parallel to 
the ACD stacking faults; many of the martensite bands in Figure 4.45 also have straight interfaces with 
the austenite and lie parallel to one another. However, the role of planar austenite deformation bands in 
martensite formation during tensile loading was not assessed. 
Figure 4.47(a) shows deformation twins in the 2.8 Si-L tensile specimen interrupted at 0.14 true 
strain. Figure 4.47(b) shows the SADP for the twinned region. The diffraction streaking is due to the thin 
deformation twins. The bright speckles in the BF image are pits introduced during electropolishing. 
SF 
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Primary twinning was commonly observed in the 2.8 Si-L alloy at 0.14 true strain. Secondary twinning 
was not observed at 0.14 true strain. Section 4.3.6 discusses the identification of secondary twinning in 
the 2.8 Si-L specimen at failure using light optical microscopy techniques. 
 
  
(a) BF (b) Martensite DF 
 
(c) SADP 
Figure 4.45 (a) Bright field and (b) martensite )011( dark field TEM micrographs from a 2.8 Si-L 
alloy tensile specimen at 0.50 true strain. (c) Selected area diffraction pattern showing the 
circled spot used for DF imaging. The dashed rectangle indicates the diffraction pattern 
for B~[110]M. 
 
Figure 4.48 shows dislocation tangles in the 2.8 Si-L alloy tensile specimen interrupted at 14 pct 
true strain. The dislocations did not appear in a clear cell structure in the interrupted specimen. 
The 2.8 Si-L alloy tensile specimen interrupted at 0.14 true strain displayed dislocation tangles 
and twinned regions with one twin orientation. The martensite bands in the interrupted 2.8 Si-L alloy 
specimen were longer than those observed in the 2.5 Al alloy tensile specimen.  
 
A (111) 







Figure 4.46 (a) Bright field and (b) martensite (200) dark field TEM micrographs of martensite 
formed in a 2.8 Si-L alloy specimen at 0.14 true strain. (c) Selected area diffraction 
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Figure 4.47 (a) Bright field TEM micrograph and (b) selected area diffraction pattern of deformation 
twins in a 2.8 Si-L specimen at 0.14 true strain. The beam direction is B~[011]A. 
 
 
Figure 4.48 Bright field TEM micrograph of dislocation tangles in a 2.8 Si-L specimen at 0.14 true 
strain. B~[111] and g = ]022[ . 
4.3.6 Tensile Deformation Microstructure Summary 
Table 4.4 summarizes the tensile deformation microstructures and martensite formation 
characteristics for the four metastable austenitic steels. The tensile deformation microstructures of the 
Base and 2.5 Al alloys consisted predominantly of dislocation cell structures, with isolated groups of 
deformation twins. In contrast, the 2.5 Si alloy tensile deformation microstructure was dominated by 
closely spaced deformation twins. Figure 4.49 shows Nomarski interference contrast light optical 
micrographs (NIC-LOM) for each material after tensile testing. The 2.5 Si specimen (Figure 4.49(b)) has 
a larger fraction of deformation twins and shorter spacing between adjacent twinned regions compared to 
the Base and 2.5 Al alloys (Figure 4.49(a) and (c)). The linear features indicated as twins in 
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Figure 4.49(b) are identified as twin traces (and not martensite) because minimal martensite forms in the 
2.5 Si alloy. The tensile deformation microstructure of the 2.8 Si-L alloy was difficult to ascertain via 
TEM due to the high fraction of deformation induced martensite. However, additional information was 
obtained from NIC-LOM imaging, which revealed a high fraction of deformation twins (Figure 4.49(d)), 
similar to the 2.5 Si alloy (Figure 4.49(b)). The oval in Figure 4.49(c) indicates a region with small, 
particle-like features adjacent to twins. The features may be martensite particles, since TEM showed that 
martensite formed adjacent to deformation twins in the 2.5 Al alloy. The large number of deformation 
twins in the 2.8 Si-L microstructure (Figure 4.49(d)) obscure resolution of deformation induced 
martensite, although Feritscope measurements indicated that the 2.8 Si-L material contains 21.4 pct 
martensite (Table 4.4). 
 
Table 4.4 – Summary of Tensile Deformation Microstructures and Martensite Formation 
 
4.3.7 Tensile Specimen XRD Phase Analysis 
Tensile specimens were analyzed with XRD using CrKα radiation. Scans were obtained from 
material sectioned at 90° and 45° from the loading axis. Figure 4.50 presents the two XRD scans obtained 
from the 2.5 Al alloy tensile specimens. The effect of specimen orientation is evident in both the austenite 
and martensite phases. The 90° scan (Figure 4.50(a)) does not contain the austenite (220) or martensite 
(211) peaks, both of which are present in the 45° scan (Figure 4.50(b)). The difference in diffracted peak 
intensities between the two test orientations also results in differences in calculated martensite fraction. 
The 90° scan (Figure 4.50(a)) yields 3.0 pct martensite, while the 45° scan yields 7.0 pct martensite using 
the direct comparison method  [74].  
Figures 4.51(a) and (b) show the 90° and 45° XRD scans for the 2.8 Si-L alloy tensile specimens. 
The influence of orientation on phase quantification is even more pronounced in the 2.8 Si-L alloy than 
the 2.5 Al alloy. The 90° scan yields only 4.5 pct martensite, while the 45° scan yields 28.0 pct 













Base 26.3 ± 3.0 0.41 2.40 ± 0.57 
Dislocation cells 
Isolated twinned regions 
Not observed 
2.5 Si 19.9 ± 2.0 0.48 1.55 ± 0.60 Deformation twinning 
Adjacent to twin 
intersections 
2.5 Al 38.3 ± 6.1 0.37 5.43 ± 0.99 
Dislocation cells 
Isolated twinned regions 
Adjacent to twins 
2.8 Si-L - 0.5 21.4 ± 2.5 Deformation twinning 
Large bands parallel to 
planar defects 
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strong dependence of martensite fraction calculations on the test orientation and crystallographic texture, 
XRD is not a robust technique for martensite quantification for the experimental steel round bar tensile 
specimens. 
  
(a) Base (b) 2.5 Si 
  
(c) 2.5 Al (d) 2.8 Si-L 
Figure 4.49 Nomarski interference contrast light optical micrographs of tensile specimens for the (a) 
Base alloy at 0.41 true strain, (b) 2.5 Si alloy at 0.48 true strain, (c) 2.5 Al at 0.37 true 
strain, and (d) 2.8 Si-L alloy at 0.5 true strain. Loading direction is out of the plane of the 
page. Specimens are unetched. 
 
The second goal of performing XRD on deformed specimens was to determine if HCP 
ε-martensite formed during tensile testing of the experimental steels, because the Feritscope cannot detect 
HCP ε-martensite. Diffraction peaks for ε-martensite are not quantifiable in the 2.5 Al and 2.8 Si-L alloy 
specimens tested in either orientation (Figure 4.50 and Figure 4.51). However, both alloys formed 
appreciable fractions of α-martensite, which has been reported in the literature to form at the expense of 




since the 2.5 Si alloy has a lower SFE (see Section 2.2.2). Furthermore, minimal α-martensite was formed 
in the 2.5 Si alloy, suggesting minimal conversion of ε-martensite to α-martensite could have occurred.  
Figures 4.52(a) and (b) show the 90° and 45° XRD scans for the 2.5 Si alloy. However, even in the 2.5 Si 
alloy, the ε-martensite diffractions peaks are not quantifiable in either orientation. 
  
(a) (b) 
Figure 4.50 X-ray diffraction scans (CrKα radiation) from the 2.5 Al alloy at 0.37 true strain, 
sectioned at (a) 90° and (b) 45° from the loading axis. The calculated martensite fraction 
is indicated for each scan. The peaks used for martensite quantification are indicated with 
asterisks. The average Feritscope magnetic pct for this condition is 5.4 pct. 
4.4 Influence of Alloying on the Austenite Lattice Parameter 
Figure 4.53(a) shows example XRD scans for the three focus alloys in the as-heat treated 
condition using CuKα radiation. The intensity has been normalized by the maximum and minimum 
intensity for each scan. The 2.5 Si and 2.5 Al scans are offset by 0.2 and 0.4 in the y-direction for clarity. 
Figure 4.53(b) shows the dependence of austenite lattice parameter on Si and Al alloying. Relative Si 
alloying refers to the difference in Si content between the 2.5 Si and Base alloys, and relative Al alloying 
refers to the difference in Al content between the 2.5 Al and Base alloys. Because the three alloys have 
approximately equal contents of all elements other than Si and Al (Table 3.1), only differences in Si and 
Al content have been considered. Figure 4.53(b) indicates that 2.5 wt pct Al alloying increases austenite 
lattice parameter by 1.56x10
-3
 nm compared to the Base alloy, while 2.5 wt pct Si alloying has a minimal 
effect.  
Linear empirical relations between austenite composition and lattice parameter for austenitic 






 where xi is wt pct of element i 
in austenite and LP
i
A is the linear lattice parameter coefficient for element i with units of 10
-3
 nm/wt pct. 
The calculated LPA  for Si and Al are 0.0509 and 0.633 10
-3
 nm/wt pct, respectively. These values agree 
well with those reported by Dyson and Holmes [81] (Table 4.5). Since Al alloying increases the austenite 
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lattice parameter, it is important to account for Al alloying in calculations of the austenite C-content based 
on the lattice parameter. For example, if only carbon is considered to expand the lattice, the calculated C-
content may be an over prediction in Al-alloyed AHSS. Section 5.10 presents a method to calculate the 




Figure 4.51  X-ray diffraction scans (CrKα radiation) from the 2.8 Si-L alloy at 0.50 true strain, 
sectioned at (a) 90° and (b) 45° from the loading axis. The calculated martensite fraction 
is indicated for each scan. The peaks used for martensite quantification are indicated with 





Figure 4.52 X-ray diffraction scans (CrKα radiation) from the 2.5 Si alloy uniform tensile strain 
region sectioned at (a) 90° and (b) 45° from the loading axis. The calculated martensite 
fraction is indicated for each scan. The peaks used for martensite quantification are 






Figure 4.53 (a) Example X-ray diffraction scans for the three focus alloys using CuKα radiation. (b) 
The dependence of austenite lattice parameter on Si and Al alloying.  
 












 nm /wt pct) 
(Dyson and Holmes [81]) 
Si 0.0509 ≈ 0 
Al 0.633 0.560 
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CHAPTER 5: DISCUSSION 
This chapter presents selected experimental results in greater detail, discuss the interrelationships 
between different experimental findings, and provide broader context for the experimental findings. 
The focus of the chapter is on martensite formation during low cycle fatigue (LCF) testing. The 
first section will quantify the influence of martensite formation on the stress amplitude. The second 
section presents analysis from a liquid nitrogen cooling study of fatigued specimens that was aimed at 
understanding the activation of strain induced martensite nuclei. The third section presents detailed 
transmission electron microscopy (TEM) analysis of the defect structures associated with martensite 
formation during fatigue. The following section discusses the TEM observations in terms of general 
requirements for strain induced martensite nucleation during LCF loading. The next section describes the 
possible influence of martensite formation on the surrounding austenite dislocation structures during 
cycling. The final section regarding martensite formation during LCF describes the evolution of different 
martensite morphologies over the fatigue life. 
The remaining sections present some other important findings of the study that are not strictly 
related to martensite formation during LCF loading. First, a basis for extending the LCF martensite 
formation results to other fatigue loading conditions is presented. Second, the tensile strain hardening 
behavior of the alloys is discussed in terms of twinning and transformation induced plasticity. Third, a 
comparison between the tensile and LCF responses of the experimental alloys is made using established 
fatigue models. Finally, the influence of Al alloying on austenite C-content determination using X-ray 
diffraction is presented. 
5.1 Martensite Formation and Cyclic Strain Hardening Behavior during LCF 
The evolution of stress amplitude with cycle number for different total strain amplitudes was 
presented in Figure 4.2 for the four alloys. Figure 5.1 shows the evolution of stress amplitude with cycle 
number for the four alloys at a fixed total strain amplitude of 0.6 pct.  
The higher stress amplitudes achieved in the 2.5 Al and 2.8 Si-L alloys were attributed to 
martensite formation, since more martensite formed in the 2.5 Al and 2.8 Si-L alloys than the Base and 
2.5 Si alloys. To assess martensite formation as a function of cycle number, 2.5 Al and 2.8 Si-L alloy 
specimens were interrupted after various cycles at 0.6 pct strain amplitude. Figures 5.2(a) and (b) show 
martensite fraction evolution with cycle number for the 2.5 Al and 2.8 Si-L alloys, superimposed with 
their cyclic hardening curves. Each martensite fraction data point corresponds to a single specimen, not 
multiple interruptions throughout the fatigue life of a single specimen. Separate specimens were used for 
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each interruption to perform liquid nitrogen cooling experiments at the selected cycle numbers, which is 
described in Section 5.2. The 2.5 Al alloy specimens cycled to 40 and 500 cycles were also analyzed with 
TEM, as described previously in Section 4.2.7.  
 
Figure 5.1 Evolution of stress amplitude with cycle number for the four steel alloys at 0.6 pct total 
strain amplitude. 
 
Figure 5.2 shows that the martensite fraction remains low throughout the primary hardening, 
softening, and stabilization regimes for both the 2.5 Al and 2.8 Si-L alloys. It is only after the stabilization 
regime that martensite fraction begins to increase appreciably with cycle number. The onset of martensite 
formation also coincides with the onset of secondary cyclic hardening, and martensite fraction increases 
with cycle number through the secondary hardening regime. Figure 4.4 shows that for the five total strain 
amplitudes considered, the maximum stress amplitude experienced prior to failure correlates positively 
with martensite fraction measured at failure. The concurrence of martensite formation and secondary 
cyclic hardening over the fatigue lives of the 2.5 Al and 2.8 Si-L alloys at 0.6 pct strain amplitude 
(Figure 5.2) further indicates that secondary cyclic hardening is due to martensite formation.  
While stress amplitude correlates with martensite fraction, Figure 4.4 indicates that the extent of 
hardening is also a function of strain amplitude. If secondary cyclic hardening is due predominantly to 
martensite formation, then it should be possible to develop a relationship between the cyclic strength and 
martensite fraction that applies to all four steels at all strain amplitudes. To develop a single martensite 
strengthening relationship for LCF, the primary hardening and subsequent minor softening contributions 
must first be quantified. Primary hardening is due to dislocation multiplication, whereas the slight 
softening is due to arrangement of the dislocations into low energy structures. Neither of these processes 




(a) 2.5 Al (b) 2.8 Si-L 
Figure 5.2 Stress amplitude and martensite fraction evolution with number of cycles for the (a) 
2.5 Al and (b) 2.8 Si-L alloys tested at 0.6 pct strain amplitude. 
 
Figures 5.3(a)-(d) show two different cyclic stress-strain data sets for the Base, 2.5 Si, 2.5 Al, and 
2.8 Si-L alloys relative to the tensile stress-strain data. The lowest set of data points in each plot 
corresponds to the monotonic tensile data, i.e. the data for the first one quarter cycle. The set of data 
points labeled “stable” in each plot indicates the stress amplitude at the trough of the stabilization regime 
for each total strain amplitude. The set of data points labeled “peak” indicates the maximum stress 
amplitude achieved prior to fatigue failure. The hardening increment between the tensile curve and the 
stabilized stress amplitude captures the dislocation hardening/softening experienced during cycling, prior 
to appreciable martensite formation. The hardening increment between the stable curve and peak curve 
captures the hardening due predominantly to martensite formation. The secondary cyclic strain hardening 
increment is indicated as Δσsec in Figures 5.3(c) and (d). 
Figure 5.4 shows the correlation between the secondary cyclic strain hardening increment (Δσsec) 
and the amount of martensite measured at failure for all of the alloy/amplitude combinations shown 
previously in Figure 4.4. All of the Δσsec data collapse onto a single line, irrespective of the alloy 
composition and strain amplitude combination that gave rise to the corresponding VM data. Using the 
equation of the best fit line, the martensitic hardening contribution for LCF loading is calculated as 
692 MPa/fraction martensite or 6.92 MPa/pct martensite. The best fit line has a small positive intercept of 
4.1 MPa, which corresponds to additional secondary cyclic hardening from non-martensitic contributions, 
such as secondary slip. Figure 5.4 also improves the statistical significance of the hardening relationship 
compared to Figure 4.4, since Figure 5.4 considers all of the cyclic hardening data in bulk and not 








Figure 5.3 Monotonic and cyclic engineering stress-strain data showing the tensile (N = 0.25) 
behavior and the stabilized and peak stress amplitudes achieved for each strain amplitude 
for the (a) Base, (b), 2.5 Si, (c) 2.5 Al, and (d) 2.8 Si-L alloys. The secondary hardening 
increment is indicated by Δσsec. 
5.2 Liquid Nitrogen Cooling and Activation of Martensite Nuclei 
Figure 5.2 indicates that martensitic transformation during LCF initiates after a finite number of 
cycles in the stabilized regime. The stabilized LCF regime is marked by constant, or even slightly 
decreasing, stress amplitudes with increasing cycle number. Therefore, the initial martensitic 
transformation in these alloys is conclusively strain induced, i.e. occurs on nucleation sites introduced by 
plastic straining. In contrast, stress induced transformation could only occur if the material was hardening 
with cycle number. However, strain induced initiation of the martensitic transformation results in an 
increase in the stress amplitude. Consequently, the influence of increased applied stress may aid 
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subsequent martensite formation, and a stress-assisted contribution cannot be conclusively ruled out for 
subsequent martensite formation. 
 
Figure 5.4 Dependence of secondary hardening increment (Δσsec) on Feritscope magnetic fraction 
(VM) measured at failure. 
 
To assess activation of strain induced nucleation sites, 2.5 Al and 2.8 Si-L alloy LCF specimens 
were interrupted at various cycle numbers at 0.6 pct total strain amplitude and submerged in liquid 
nitrogen (LN2). Feritscope magnetic fraction measurements were obtained from the specimens before and 
after LN2 submersion. The 2.5 Al and 2.8 Si-L alloys were chosen because they displayed the largest 
propensity to form martensite during LCF. 
Figures 5.5(a) and (b) show the martensite fraction measurements before and after LN2 
submersion for 30 minutes at various cycle numbers for the 2.5 Al and 2.8 Si-L alloys. Figure 5.5(a) 
shows that the martensite fraction in the 2.5 Al alloy specimens is unaffected by LN2 submersion at all 
cycle numbers, including zero cycles, i.e. the annealed condition. The 2.5 Al alloy is therefore stable 
against athermal martensite formation at the LN2 temperature. Figure 5.5(b) shows that the 2.8 Si-L alloy 
forms 2.7 pct martensite after LN2 cooling in the annealed condition. For cycle numbers 0.25 (loaded up 
to peak tensile strain and unloaded) to 160, the amount of martensite formed after LN2 cooling is not 
statistically different from LN2 cooling the annealed condition. At cycle number 500, only a small 
amount of additional martensite is induced by LN2 cooling. Cycling 500 times appears to reduce the total 
amount of martensite that can be induced by LN2 cooling to below that of the annealed specimen, but the 
decrease is still within the error bars. However, at cycle number 1000, minimal martensite is formed by 
LN2 cooling and the total martensite fraction formed after LN2 cooling is statistically lower than that 
formed by cooling the annealed specimen. Beyond 1000 cycles, the extent of martensite is statistically the 
same both before and after LN2 cooling, such that no additional martensite is induced by LN2 cooling.  
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(a) 2.5 Al (b) 2.8 Si-L 
Figure 5.5 Feritscope magnetic fraction as a function of cycles for the (a) 2.5 Al and (b) 2.8 Si-L 
alloys. Feritscope measurements were taken before liquid nitrogen cooling (solid 
symbols) and after (open symbols). The triangle symbols indicate the Feritscope readings 
in the annealed condition, i.e. zero cycles. 
 
The LN2 cooling experiments of the interrupted 2.8 Si-L alloy specimens produced two important 
observations. First, LN2 cooling after cycling beyond 1000 cycles results in no additional martensite 
formation (beyond that which was formed during the cycling process). Second, LN2 cooling after cycling 
between 0.25 and 160 cycles produces some additional martensite, but the total amount of martensite 
formed does not exceed that which forms in a non-cycled specimen. The implications of these 
observations are described below. 
The inability of LN2 cooling to induce additional martensite formation above 1000 cycles may be 
attributed to cyclic strengthening. Higher austenite strength increases resistance of the austenite to 
martensite transformation. Lagneborg showed that in 18 Cr – 8 Ni (wt pct) austenitic steels, 20 pct tensile 
engineering pre-strain suppressed martensite formation upon LN2 cooling, relative to a non-strained 
specimen [15]. Tensile specimens for the 2.5 Al and 2.8 Si-L alloys were also interrupted at various 
monotonic tensile strains and cooled in LN2. The results are shown in Appendix D. At true tensile pre-
strains above 10 pct, additional martensite was not induced in the 2.8 Si-L alloy upon LN2 cooling. The 
true stress at 10 pct true strain in the 2.8 Si-L alloy is 375 MPa. The stress amplitude after cycling the 
2.8 Si-L alloy to 1000 cycles at 0.6 pct strain amplitude is 305 MPa. Therefore, the material strengths at 
which additional martensite formation is precluded upon LN2 cooling are different between tensile and 
LCF loading in the 2.8 Si-L alloy. The reason for the difference is unknown. However, both strength 
levels are appreciably higher than the yield strength of the annealed 2.8 Si-L alloy (193 MPa); the stress 
reached after tensile or cyclic loading represents the strength of the deformed material, while the yield 
strength represents the strength of the annealed material. In the case of the 2.5 Al alloy interrupted tensile 
specimens, LN2 cooling did not induce any additional martensite formation at any level of pre-strain 
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(Appendix D). The 2.5 Al alloy is therefore stable against athermal martensite formation in LN2 
regardless of tensile or LCF deformation history. 
The observation that LN2 cooling does not induce more martensite after cycling from 0.25 to 160 
cycles than is formed in an annealed specimen has two important implications. First, the primary cyclic 
strain hardening experienced in the first 35 cycles, up to a stress amplitude of 280 MPa, is insufficient 
hardening to preclude martensite formation from LN2 cooling. The stress amplitude then relaxes from 
280 MPa to 275 MPa at 160 cycles, such that the material strength is still less than the 305 MPa threshold 
in the 0.25 to 160 cycle regime. Second, despite the introduction of new martensite nucleation sites in the 
microstructure through the cycling process (by the definition of strain induced transformation), the total 
volume of austenite that is transformable by LN2 cooling does not change as a result of cyclic loading 
from 0.25 to 160 cycles. Only two scenarios explain this observation:  
(i) All of the nucleation sites introduced by cyclic straining are transformed to martensite 
immediately after forming. Then, additional martensite formation can only be achieved 
through further cyclic straining and generation of new nucleation sites.  
(ii) The strain induced nucleation sites cannot be activated by LN2 cooling. Instead, they can only be 
activated by further cyclic straining. In the second scenario, the generation of additional 
martensite can only occur through further cyclic straining to activate the nuclei.  
 
In either scenario, strain induced martensite nucleation requires a dynamic deformation 
microstructure, because static microstructures cannot be transformed by LN2 cooling. The following 
section will present TEM analysis of strain induced martensite. 
5.3 Microstructural Aspects of Martensite Formation during LCF 
Martensite was observed by TEM in all four alloys after cycling to failure at 0.6 pct total strain 
amplitude. In the Base and 2.5 Si alloys, martensite was observed as small particles embedded in wall and 
channel PSB structures. The martensite particles were on the order of a few microns or less in length, 
were not generally in close proximity to other martensite particles, and were generally not of the same 
variant as neighboring particles. Martensite also formed in PSBs in the 2.5 Al and 2.8 Si-L alloys. In 
addition, small particles of martensite were embedded in dislocation cells or located at grain boundaries. 
However, the predominant martensite morphology in the 2.5 Al and 2.8 Si-L alloys was irregular 
martensite bands in mottled austenite. The irregular martensite bands were in close proximity to one 
another and shared a single martensite variant. The mottled austenite structure could not initially be 
resolved in specimens cycled to failure. To characterize the mottled austenite/band martensite structure, a 
specimen of the 2.5 Al alloy was interrupted after 500 cycles at 0.6 pct strain amplitude for TEM 
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investigation. The only morphology of martensite found in the 2.5 Al alloy cycled 500 times was the 
irregular band morphology. 
Figure 5.6(a) shows irregular martensite (M) bands formed in a 2.5 Al alloy specimen cycled 500 
times. Planar features are observed extending off the tips of the martensite bands. Figure 5.6(b) shows the 
Thompson tetrahedron for the austenite. The orientation of the planar features and the fringe contrast 
indicate that the planar features lie on plane ACD. Figures 5.7(a)-(c) show higher magnification images of 
the tip of the asterisked irregular martensite band with a B~ ]111[ A electron beam condition. Figure 5.7(d) 
shows the SADP and projected Thompson tetrahedron. Diffraction analysis indicates that the planar 
features are HCP ε-martensite with a habit plane of ACD, which is inclined 70° in the foil. The 
orientation relationship for austenite and ε-martensite is (111)A//(0001)ε and ]011[ A// ]021[ ε [77]. 
Accordingly, plane ACD satisfies the (111)A//(0001)ε condition, and direction AC on the Thompson 
tetrahedron satisfies the ]011[ A// ]021[ ε condition. Analysis of the ε-martensite diffraction spots indicates 
that the beam direction is B~ ]324[ ε. The )324( ε plane lies 73° from the (0001)ε plane, i.e. the habit 
plane. Therefore, the image geometry, austenite diffraction, and ε-martensite diffraction indicate that the 
habit plane is inclined 70° in the foil. The diffraction analysis therefore identifies the planar features as ε-
martensite, and not bands of dislocations or extended stacking faults.  
Other planar deformation bands observed in the 2.5 Al alloy after 500 cycles were identified as 
extended stacking faults. Figure 5.8(a) shows a bright field image of extended stacking faults adjacent to a 
martensite ban tip and Figure 5.8(b) shows the corresponding martensite dark field image. Figure 5.8(c) 
shows the austenite and martensite diffraction motifs, along with the spot used for dark field imaging. 
Figure 5.8(d) shows the B~[011]A SADP from the extended stacking fault region. The diffraction spot 
streaking is due to the thin faults. The thin, planar features are not ε-martensite, because the characteristic 
(0001)ε-type reflections are not observed in Figure 5.8(d). The extended stacking faults may be more 
common than ε-martensite, since ε-martensite peaks were not quantifiable in the XRD experiments 
(Section 4.2.8).  
The tips of the irregular α-martensite bands in the 2.5 Al alloy interrupted at 500 cycles were 
connected with ε-martensite bands and extended stacking faults. The defect structure directly adjacent to 
the α-martensite was more easily resolved in the interrupted specimen than the 2.5 Al alloy specimen 
cycled to failure. With the insight gained from the interrupted 2.5 Al alloy specimen, the irregular 
martensite bands in the 2.8 Si-L specimen cycled to failure were reinvestigated. Figures 5.9(a)-(b) show 
bright field and martensite dark field images of an irregular martensite band tip in a 2.8 Si-L alloy 
specimen cycled to failure at 0.6 pct strain amplitude. The region in Figure 5.9 is in a grain displaying the 
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mottled austenite/irregular band martensite morphology. The defect structure of the surrounding austenite 






Figure 5.6 (a) Bright field TEM micrograph of irregular martensite bands (M) in a 2.5 Al alloy 
specimen cycled N = 500 times at 0.6 pct strain amplitude. The selected area diffraction 
pattern is from the austenite (A) and indicates B~[112] and g = ]111[ . 
 
Figures 5.10(a) and (b) show bright field and austenite )111( WBDF images of the martensite 
band tip shown in Figure 5.9. The black arrows in Figure 5.10(b) indicate planar austenite deformation 
bands. Figure 5.10(c) shows the austenite Thompson tetrahedron for the imaging condition. The 
orientation of the bands and the fringe contrast indicate that the bands are on plane ABC, which is 
inclined out of the foil 35° about direction BC. The lower planar band displays complex stacking fault 
contrast, and is therefore composed of dissociated dislocations on overlapping {111} planes. The planar 
deformation bands are not HCP ε-martensite, because no ε-martensite diffraction spots were observed. 
The long direction of the irregular martensite band is parallel to the planar austenite deformation bands, 
and is encompassed on both sides by planar austenite deformation bands. Fringes are also observed on the 
austenite/martensite interface (white arrow in Figure 5.10(a)). The interface fringes on the straight 
austenite/martensite interface are parallel to BC, and therefore direction BC is contained in the 
austenite/martensite interfacial plane and the austenite deformation band plane. 
Figure 5.11 shows a planar austenite deformation band adjacent to another martensite tip in the 
2.8 Si-L alloy specimen cycled to failure at 0.6 pct strain amplitude. The planar deformation band consists 
of dislocations and does not display overlapping stacking fault contrast and is therefore a single austenite 
{111} plane containing dislocations. The individual dislocations are dissociated, leading to thin regions 













(a) BF (b) Martensite DF 
 
(c) ε DF (d) Diffraction 
Figure 5.7 (a) Bright field, (b) martensite (112) dark field, and (c) ε (112) dark field TEM 
micrographs of a 2.5 Al alloy cycled N = 500 times at 0.6 pct strain amplitude. (d) 














Figure 5.8 (a) Bright field and (b) martensite (110) dark field TEM micrographs of extended 
stacking faults adjacent to martensite band tips in a 2.5 Al alloy specimen cycled N = 500 
times at 0.6 pct strain amplitude. (c) Selected area diffraction pattern from the location 
indicated in (a) showing that B~[011]A (solid irregular hexagon pattern) and B~[001]M 
(dashed square pattern). The martensite (110) spot used for dark field imaging is 
indicated (circle). (d) Selected area diffraction pattern from the location indicated in (a) 
showing streaking from the stacking faults and the absence of (0001)ε spots (circles). 
 
 The irregular martensite bands induced by LCF loading are linked with planar deformation bands 
(shear bands) in the austenite. The austenite shear bands can be stacking faults, ε-martensite platelets, 
bands of dissociated dislocations on parallel {111} planes, or bands of dislocations on a single {111} 
plane. Shear band intersections are commonly observed to nucleate martensite during tensile loading [36]. 
The shear bands induced by LCF loading are of a single orientation and shear band intersections were not 
observed. Therefore, shear bands, and not only shear band intersections, may also serve as martensite 
nucleation sites during fatigue loading. The experimental observations are compared with literature 






Figure 5.9 (a) Bright field and (b) martensite (110) dark field TEM micrographs of an irregular 
martensite band tip in a 2.8 Si-L alloy specimen cycled to failure (NF = 3114) at 0.6 pct 
strain amplitude. B~[110]A. 
 
Hennesey et al. fatigue tested AISI 301 metastable austenitic stainless steel at 0.75 pct total strain 
amplitude [82]. Figure 5.12 shows the formation of α-martensite bands on ε-martensite platelets of a 
single orientation that were induced through fatigue loading. Bayerlein et al. also observed α-martensite 
bands on ε-martensite platelets during fatigue loading of AISI 304L stainless steel [83]. Hennesey et al. 
and Bayerlein et al. attributed the formation of α-martensite formation on ε-martensite platelets as 
evidence of sequential transformation of γ to ε-martensite and ε-martensite to α-martensite [82,83]. 
Weidner et al. showed that during LCF loading at 0.5 pct total strain amplitude, an experimental 
metastable austenitic steel formed ε-martensite in austenite deformation bands [84]. In-situ scanning 
electron microscopy (SEM) indicated that α-martensite formed only after conversion of austenite to 
ε-martensite. Figure 5.13 shows an electron backscatter diffraction (EBSD) SEM micrograph of the 
fatigued microstructure [84]. The observations of Weidner et al. are also consistent with a sequential 
phase transformation of ε-martensite to α-martensite. The formation of α-martensite bands on ε-
martensite platelets is consistent with the TEM characterization of the 2.5 Al alloy (Figure 5.6 and 
Figure 5.7). 
Hennesey et al. and Bayerlein et al. also observed direct transformation of austenite to α-
martensite (i.e. without intermediate ε-martensite formation) in their cyclic deformation studies of 
metastable austenitic steels [82,83]. The directly transformed α-martensite was described as “blocky.” In 
contrast to blocks, Chiu et al. observed long α-martensite bands without the presence of ε-martensite in 
the austenitic structure of a duplex stainless steel during cycling (Figure 5.14 [85]). Vogt et al. also 
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observed α-martensite bands without intermediate ε-martensite during cycling of AISI 316L stainless 





Figure 5.10 (a) Bright field and (b) austenite )111(  weak beam dark field TEM micrographs of an 
irregular martensite band tip in a 2.8 Si-L alloy specimen cycled to failure (NF = 3114) at 
0.6 pct strain amplitude. Black arrows indicate planar bands of dislocation and stacking 
faults, and the white arrow indicates fringe contrast from the austenite/martensite 
interface. (c) Projection of the austenite Thompson tetrahedron for B~[110]A. 
 
The literature observations of band-like α-martensite formed without intermediate ε-martensite 
during cyclic loading (Figure 5.14 and Figure 5.15) show a mottled austenite structure, much like what 
was observed in the cycled 2.5 Al and 2.8 Si-L alloys. Figure 5.10 and Figure 5.11 showed that the 
α-martensite bands can be associated with planes of overlapping stacking faults or planes of dislocations, 
and do not necessarily require the intermediate formation of ε-martensite in the 2.8 Si-L alloy. The 
experimental observations of α-martensite band formation both with and without intermediate 








Figure 5.11 (a) Bright field and (b) austenite )111( weak beam dark field TEM micrographs of a 
planar deformation band adjacent to a martensite (M) tip in a 2.8 Si-L alloy specimen 
cycled to failure (NF = 3114). 
 
 
Figure 5.12 Bright field TEM micrograph showing α-martensite band formation on ε-martensite 
platelets in an AISI 301 stainless steel specimen cycled to failure at 0.75 pct total strain 
amplitude [82]. 
 
In addition to well defined α-martensite bands discussed above, the mottled austenite regions also 
contained small islands of α-martensite. Figures 5.16(a) and (b) show α-martensite bands and islands in 
the 2.5 Al alloy specimen interrupted at 500 cycles. The austenite Thompson tetrahedron in Figure 5.16(c) 
shows that the bands are parallel to direction AC. Because the bands and islands appear narrow, it is 
inferred that the bands lie on plane ACD, which is oriented nearly in and out of the plane of the page. 
Long, approximately parallel dislocations surround the α-martensite islands in Figures 5.16(a) and (b). 
M 
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The exact nature of the dislocation structure surrounding the martensite islands is difficult to resolve, but 
neither planar stacking faults nor ε-martensite are observed in the imaging condition utilized. Martensite 
islands were also found in the 2.8 Si-L alloy specimen cycled to failure (Figure 4.25). Therefore, the 
martensite islands are stable upon forming, although the formation of a number of adjacent martensite 
islands may resemble a martensite band. Overall, the martensite islands represent only a small fraction of 
the total martensite observed in mottled austenite, because the islands are small and isolated. 
  
 
Figure 5.13 SEM EBSD micrograph showing ε-martensite (yellow) formation in austenite 
deformation bands, with subsequent transformation of ε-martensite to α-martensite 




Figure 5.14 (a) Bright field and (b) α-martensite dark field micrograph of α-martensite formation 
without intermediate ε-martensite formation in the austenite of a duplex stainless steel 
cycled at 1.5 pct total strain amplitude [85]. 
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Figure 5.15 Formation of α-martensite bands in an AISI 316L austenitic stainless steel specimen 
cycled to failure at 0.6 pct total strain amplitude at the liquid nitrogen temperature [86]. 
 
Fatigue induced martensite was predominantly observed as irregular bands that were linked with 
planar austenite shear bands. The following section will evaluate the role of austenite shear bands in 
nucleating martensite during LCF loading. 
5.4 Evaluation of Austenite Shear Bands as Martensite Nucleation Sites 
Austenite shear bands, such as stacking faults, ε-martensite, and planes of concentrated 
dislocation slip, were observed in connection with strain induced martensite during LCF. To verify their 
role in strain induced martensite nucleation, austenite shear bands are compared against the following 
four considerations: 
(i) They must serve as plastic strain localization sites. Martensite formation is strain induced 
and only occurs after incubation in the cyclic localization regime, where strain 
localization occurs. 
(ii) After initial martensite formation, additional martensite can only form through further 
deformation of existing shear bands or through generation of new shear bands. Static 
LN2 cooling of pre-fatigued specimens does not induce fresh martensite. 
(iii)  They must be reconciled with the other austenite dislocation structures observed at 
failure. Shear bands were only observed at failure in regions containing martensite. 
(iv)  The dependence of martensite formation on shear bands must be reconciled with the 
steel compositions. Of particular interest is the pronounced formation of martensite in 






Figure 5.16 (a) Bright field and (b) α-martensite (110) dark field TEM micrographs of α-martensite 
bands and islands in a 2.5 Al specimen cycled N = 500 times at 0.6 pct strain amplitude. 
(c) The corresponding [110] projection of the austenite Thompson tetrahedron. 
 
Consideration (i): The shear band shown in Figure 5.11 contains a series of parallel dislocations 
in a single austenite slip plane. Since strain is directly proportional to change in dislocation density, the 
plane constitutes a band of high plastic strain by definition. Similarly, the overlapping stacking faults in 
Figure 5.10 are composed of bands of dissociated dislocations on overlapping slip planes. The ε-
martensite band in Figure 5.7 represents a dense stacking fault structure on closely spaced, overlapping 
slip planes. Therefore, all of the observed shear band structures are consistent with plastic strain 
localization.  
Similar to the shear bands in the 2.8 Si-L alloy, Li and Laird observed austenite shear bands in 
polycrystalline AISI 316L stainless steel after LCF cycling (Figure 5.17 [87]). Li and Laird selected a 
strain amplitude that was within the plateau of a corresponding single crystal CSS curve [88], such that 
the microstructure contained regions of cyclic strain localization. The shear bands in AISI 316L were 







also dissociated to varying degrees, similar to what was observed in the 2.8 Si-L alloy (Figure 5.11). The 
formation of shear bands in AISI 316L material indicate that shear band formation can occur without 
martensite formation in stable materials. Therefore, it can be inferred that shear band formation precedes 
martensite formation in the 2.5 Al and 2.8 Si-L alloys, since the shear bands form in the absence of 
martensite in the stable AISI 316L material. In other words, the shear bands observed in the 2.5 Al and 
2.8 Si-L alloys do not result from martensite formation, but rather are precursors to martensite formation. 
In another LCF study, Kruml et al. also investigated the microstructures in the bands of localized slip 
developed in AISI 316L stainless steel [89]. They too identified dislocation shear bands on parallel 
austenite (111) planes. In both the Li and Laird study and the Kruml et al. study, the AISI 316L stainless 
steel was resistant to phase transformation during cycling, so the role of the shear bands in martensite 
formation could not be assessed. 
 
Figure 5.17 Bright field TEM micrograph of austenite shear bands formed in AISI 316L stainless 
steel after cycling 50,000 times at 0.1 pct plastic strain amplitude [87]. 
 
Consideration (ii): For shear bands to sustain the strain induced martensitic transformation from 
the onset of cyclic hardening through the end of the fatigue life, they must be continually activated during 
cycling. Activation can occur through generation of new shear bands or continued deformation of shear 
bands that have formed martensite along only a fraction of their length. Figure 5.18 shows a low 
magnification TEM micrograph of α-martensite formation associated with austenite shear bands in the 
2.8 Si-L alloy. Numerous austenite shear bands (arrows) are present in the figure. Figure 5.6 also showed 
that within a small field of view, two ε-martensite shear bands were present. Therefore, shear band 
generation may be capable of sustaining martensite nucleation.  
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Figure 5.18 Low magnification TEM micrograph showing austenite shear bands (arrows) parallel to 
martensite bands in a 2.8 Si-L specimen cycled to failure (NF = 3114) at 0.6 pct strain 
amplitude. 
 
In their analysis of an experimental metastable austenitic steel, Weidner et al. characterized the 
deformation microstructure in-situ during cycling (see Figure 5.13 [84]). They observed that with 
increasing cycle number, austenite shear bands were progressively transformed into ε-martensite bands. 
With further cycling, the ε-martensite bands underwent partial transformation to α-martensite. 
Furthermore, ε-martensite bands that had undergone partial transformation during previous cycles 
underwent additional transformation with further cycling. Thus, it is possible for a single shear band to 
generate multiple α-martensite nuclei. Therefore, shear bands can sustain martensite formation over the 
fatigue life by a combination of both shear band generation and multiple activation sites per shear band. 
Consideration (iii): Shear bands are not commonly observed in the microstructure after cycling to 
failure; the microstructures are dominated by the well developed heterogeneous dislocation structures 
(veins, PSBs, labyrinths, and cells) presented in Sections 4.2.2 to 4.2.5, not individual planes or closely 
overlapping planes of concentrated slip. In fact, austenite shear bands were only observed at failure in 
select regions that had undergone partial transformation to martensite. The shear bands may be partially 
retained in some regions that have undergone martensitic transformation because the hard martensite 
shields the austenite and preserves the dislocation structure. If the planar shear bands form in a non-
transforming region, then they must be converted into well developed wall and channel PSBs, labyrinths, 
or cells over the course of the fatigue life, since they are not retained in the microstructure upon cycling to 
failure. 
Figure 5.19 shows planes of concentrated slip observed in an AISI 316L LCF specimen at the end 
of the primary hardening regime [49]. By the end of the fatigue life, the shear bands were no longer 
observed in the microstructure. The failed microstructure instead consisted of PSBs, labyrinths, and cells, 
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much like the non-transforming regions of the experimental alloys [49]. The AISI 316L steel was stable 
against martensite formation at all stages of the fatigue life. 
 
Figure 5.19 Planes of concentrated slip observed in an AISI 316L stainless steel specimen cycled to 
the end of the primary hardening regime at 0.7 pct total strain amplitude [49]. 
 
Consideration (iv): During tensile loading, martensite nucleation occurs on the intersections of 
shear bands [36]. Tensile shear bands are promoted by lowering the SFE, since a low SFE inhibits partial 
dislocation recombination and dislocation cross slip. However, in fatigue loading, the trend of increased 
martensite formation with decreased SFE is not observed: The 2.5 Al alloy has the highest SFE and forms 
the largest fraction of martensite of the four steels tested at 0.6 pct total strain amplitude.  
Figure 5.10 and Figure 5.11 showed examples of austenite shear bands formed in the cycled 
2.8 Si-L alloy, which corresponded to shear bands observed by Li and Laird in AISI 316L stainless steel. 
Figure 5.6 and Figure 5.7 showed ε-martensite platelets formed in the 2.5 Al alloy, which also qualify as 
austenite shear bands. Additionally, Figure 5.20 shows an early, poorly developed planar dislocation 
structure in the 2.5 Al alloy specimen interrupted at the end of primary hardening (40 cycles). The circled 
region highlights stacking fault nodes, which confirms that the dislocations are on a single slip plane. The 
dislocation structure shown in Figure 5.20 is likely a precursor to the well developed shear bands 
observed at later cycles. Therefore, it inferred that LCF loading is inherently capable of generating 
austenite shear bands over a wide range of steel compositions and SFEs.  
Li and Laird also considered the role of SFE in shear band formation during LCF loading of AISI 
316L [87,88]. They deduced that the confinement of the dislocation slip to localized slip planes should be 
promoted by a lower SFE. However, they also argued that once an existing shear band is sufficiently 
hardened through slip accumulation, the formation of a new shear band is most easily accomplished by 
cross slip from the existing band. Therefore, a higher SFE may actually facilitate new shear band 
formation through enhanced cross slip from hardened shear bands.  
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Figure 5.20 Early planar dislocation structure developed in the 2.5 Al alloy after N = 40 cycles at 
0.6 pct strain amplitude. The circle indicates the formation of stacking fault nodes, which 
confirms that the dislocations are on a single plane. B~[110] and g = ]111[ . 
 
The mixed role of SFE in shear band formation during LCF is supported in the literature. Li and 
Laird noted that shear bands are not formed in a very low SFE (2-4 mJ/m
2
) material, Cu alloyed with 
16 wt pct Al. Furthermore, shear bands are not formed in a higher SFE (50 mJ/m
2
) material, pure copper. 
Shear band formation appears limited to intermediate SFE ranges, such as that of AISI 316L (20 mJ/m
2
) 
or of the experimental alloys of this study (20-38 mJ/m
2
).  
Experimental observations in the current study also suggest that a moderately high SFE may 
promote martensite formation during LCF. The 2.5 Al alloy is not only inferred to have a higher SFE than 
the 2.8 Si-L alloy, but it also has a lower MS temperature; the annealed 2.8 Si-L alloy is athermally 
transformed at the LN2 temperature (see Figure 5.5), while the 2.5 Al alloy is not transformed. Therefore, 
LCF induced martensite is promoted in the high SFE 2.5 Al alloy relative to the 2.8 Si-L alloy despite the 
higher thermodynamic stability of the 2.5 Al alloy. Additional studies of the influence of SFE on cross 
slip, shear band formation, and martensite nucleation in metastable steels are warranted. 
5.5 Influence of Martensite on Subsequent Dislocation Substructure Evolution 
Figure 5.2 showed that the stress amplitude, which is a bulk material response to the imposed 
strain amplitude, increases as martensite is formed in the 2.5 Al and 2.8 Si-L alloys. TEM indicates, 
though, that martensite formation occurs in localized regions of the microstructure, not uniformly 
throughout the microstructure. Therefore, localized martensite formation may increase the bulk stress 
amplitude in an indirect manner. Two contributions to martensite strengthening can be identified: (i) 
strengthening of regions of localized plastic strain, leading to strain redistributed to inherently stronger 
regions of the microstructure, and (ii) increasing the compatibility strains, and therefore required 
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deformation stresses, of non-transforming regions. Austenite shear bands were identified as the strain 
induced nucleation sites for hard martensite bands in Sections 5.3 and 5.4. Therefore, contribution (i) is 
expected to contribute to martensite strengthening. 
Contribution (ii) should be manifested by a more frequent occurrence of secondary slip 
dislocation structures in non-transforming austenite. A schematic representation of this mechanism is 
shown in Figure 5.21. In a non-transforming material (Figure 5.21(a)), the dislocation substructure should 
contain a larger fraction of single slip dislocation configurations at sufficiently low strain amplitudes, due 
to limited activation of secondary slip. The Base and 2.5 Si alloys, which formed less martensite than the 
other two alloys, contained large fractions of PSBs and bundle/vein structures, which are dominated by 
single slip. In a transforming material (Figure 5.21(b)), the dislocation substructure should display a 
larger fraction of secondary slip dislocation configurations. Because the transformed regions are 
composed of hard martensite particles that resist plastic deformation, the compatibility strains in adjoining 
austenitic regions should be increased. Increased constraint enhances secondary slip. For example 
dislocation cells are more easily formed in polycrystalline specimens, which must maintain grain-to-grain 
compatibility, than single crystal specimens [54].  
  
(a) Without transformation (b) With transformation 
Figure 5.21 Schematic representation of dislocation structures in (a) a non-transforming steel and (b) 
a transforming steel. 
 
In effect, contribution (ii) would act to amplify the grain-to-grain compatibility strains in the 
transforming polycrystalline specimens. Secondary slip dislocation labyrinth and cell structures were 
more frequently observed in the highly transforming 2.5 Al and 2.8 Si-L alloys than the other two alloys. 
Of course, the polycrystalline nature of the specimens leads to complex combinations of single and 







specimens, which lack grain-to-grain compatibility, may help elucidate the contribution of martensite to 
strain compatibility and secondary cyclic strain hardening. 
5.6 Evolution of Martensite during LCF 
The TEM investigation of the 2.5 Al alloy specimen interrupted at 500 cycles also clarifies the 
evolution of the different martensite morphologies observed, namely the irregular bands vs. the particles 
embedded in PSB or cell structures. In the early stages of the secondary hardening regime (500 cycles) 
only the irregular band morphology of martensite was found. Therefore, this martensite morphology is 
linked with secondary cyclic hardening. Figure 4.32 shows an example of irregular martensite bands 
embedded in an austenite matrix with a dislocation bundle/vein structure at 500 cycles. Martensite is not 
observed in cell structures in the 2.5 Al alloy at 500 cycles, presumably because cell formation is limited 
in the early stages of secondary cyclic hardening; the predominant austenite structure at this stage is still a 
bundle/vein structure (Figure 4.29). Instead, dislocation cell martensite is expected to form later in the 
secondary cyclic hardening regime when considerable strain has been redistributed in the microstructure 
and cells are present in abundance. Dislocation cell martensite may contribute additional hardening to the 
dislocation cell structures, beyond the secondary slip strengthening, later in the fatigue life of the 2.5 Al 
and 2.8 Si-L alloys. However, the cells also appear to restrict the volume of transformable austenite, such 
that the fraction of martensite present in dislocation cells is much less than that observed in the irregular 
band morphology. 
PSBs were observed in the 2.5 Al alloy at 500 cycles (Figure 4.30). However, martensite particles 
embedded in PSBs were not observed. The lack of martensite particles in PSBs may be due to the overall 
scarcity of this martensite morphology in the 2.5 Al alloy, and not related to the transient nature of the 
deformation microstructure. Grain boundary martensite was also not observed in the 2.5 Al alloy after 
500 cycles, although this morphology was also rare, even at failure. 
The irregular band martensite morphology is responsible for the onset of secondary cyclic 
hardening and for the majority of secondary cyclic hardening experienced over the fatigue life. The other 
martensite morphologies form later in the fatigue life and may contribute small amounts of secondary 
hardening, proportional to their fraction in the microstructure.  
5.7 Extension of Martensite Formation Behavior to FCGR Tests 
LCF testing is advantageous for studying martensite formation during fatigue loading because 
transformation occurs throughout the specimen, and is not isolated to regions directly adjacent to fatigue 
cracks. Fatigue crack growth rate (FCGR) testing may be desirable for certain applications, but martensite 
formation, and hence characterization, is limited to small regions around the fatigue crack (Section 2.4.3). 
Therefore, LCF testing was chosen over FCGR for fundamental characterization of martensite formation 
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during fatigue loading. Still, the LCF martensite formation results are fairly general, as they simply 
represent the fraction of martensite formed due to cycling at a given amplitude for a given number of 
cycles. Since cyclic plasticity occurs ahead of an advancing fatigue crack, it may be possible to extend the 
martensite formation results to FCGR testing. The cyclic hardening due to martensite formation, which 
was determined to be approximately 7 MPa/pct martensite, is also expected to be a general fatigue result 
that may be applicable to cyclic hardening ahead of the crack tip in FCGR testing.  
Figure 5.22 shows a schematic representation of microstructures formed ahead of an advancing 
fatigue crack during FCGR testing [50]. The schematic is based on TEM observations of dislocation 
microstructures in FCGR specimens. Far away from the fatigue crack, dislocation veins, associated with 
primary slip, dominate the microstructure. Directly adjacent to the crack tip, dislocation cells form with 
decreasing cell size moving toward the crack tip. PSBs form near 45° to the crack growth direction due to 
the high shear strain on these planes. The size of the cell zone scales with stress intensity, and therefore 
evolves over the course of a FCGR test. Furthermore, a point ahead of the fatigue crack experiences 
increasing local stress and strain amplitudes as the crack advances. Since the deformation microstructures 
depend on the local stress and strain amplitudes, a point ahead of the fatigue crack may display various 
dislocation structures, with varied propensities to nucleate martensite, as the crack extends. 
 
Figure 5.22 Schematic of microstructures formed ahead of an advancing fatigue crack. Adapted from 
[50]. 
 
The current study characterized bulk martensite formation, and the corresponding cyclic 
hardening response, in terms of known applied strain amplitudes and observed deformation 
microstructures. Therefore, the martensite formation results of this study could be extended to FCGR 
experiments on metastable austenitic steels if the transient strain amplitudes and deformation 
microstructures ahead of the crack tip are known as a function of stress intensity. Additional consideration 
of fatigue crack closure from martensite formation may also be required, but crack closure was not 






5.8 Tensile Strain Hardening Behavior 
This section discusses correlations between alloying, the austenite SFE, tensile deformation 
microstructures, and tensile stress-strain response. The specific focus is on deformation twinning and 
deformation induced martensitic transformation. 
5.8.1 Deformation Twinning in Tension 
Figure 4.36 presented the stress-strain behavior for the four experimental alloys. The 
instantaneous work hardening rate curves and engineering stress-strain curves are reproduced in 
Figure 5.23. The 2.5 Si and 2.8 Si-L alloys displayed higher instantaneous strain hardening rates than the 
Base and 2.5 Al alloys at true strains greater than 0.2. The increased work hardening in the 2.5 Si and 
2.8 Si-L alloys led to higher tensile strengths and uniform elongation values than the Base and 2.5 Al 
alloys.  
The deformation microstructures of the four steels determined from TEM and NIC-LOM 
micrographs indicated that the 2.5 Si and 2.8 Si-L alloys displayed extensive deformation twinning. In 
contrast, the Base and 2.5 Al alloys displayed predominantly dislocation cells, with deformation twinned 
regions being widely spaced. Deformation twinning has been shown to promote tensile work hardening in 
austenitic steels, and has been termed twinning induced plasticity (TWIP). Strain hardening from the 
TWIP effect has been attributed to subdivision of austenite upon twin formation [20]. Figure 4.42 clearly 
shows the subdivision of austenite by deformation twins in the 2.5 Si alloy. Therefore, the large 
differences in strain hardening between the 2.5 Si/2.8 Si-L alloys and the Base/2.5 Al alloys are attributed 
to the TWIP effect. Figure 5.23 shows the influence of the TWIP effect on the instantaneous strain 
hardening rate and engineering stress-strain curve of the 2.5 Si/2.8 Si-L alloys relative to the Base/2.5 Al 
alloys (arrows labeled “T”). 
The transition from dislocation glide to deformation twinning in austenitic steels has been linked 
to decreasing the austenite SFE. The optimal target SFE range for Mn-alloyed TWIP steels is 
approximately 20 mJ/m
2
 [20]. Lower austenite SFE values lead to HCP ε-martensite, and higher austenite 
SFE values promote dislocation glide. Figure 4.1 shows that Si decreases austenite SFE, whereas Al 
increases austenite SFE. Therefore, deformation twinning in the 2.5 Si and 2.8 Si-L alloys is attributed to 
Si additions lowering the austenite SFE. In the design of AHSS compositions and heat treatment 
schedules, it may be important to account for the influences of Si and Al on SFE. 
5.8.2 Deformation Induced Martensitic Transformation in Tension 
Figure 4.36(d) shows that, regarding the three focus alloys, Al promoted tensile deformation 
induced martensite formation, while Si inhibited it. Increased austenite stability in Al-alloyed TRIP steel 
has been attributed, at least partially, to the effect of Al to increase the austenite SFE [1,30,31,90]. In this 
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study, Al alloying de-stabilized austenite, despite increasing the SFE. Furthermore, despite lowering the 
SFE, Si acts to stabilize austenite against deformation induced martensitic transformation. Therefore, the 
austenite SFE does not explain the influences of Si and Al on austenite stability in this study. 
  
(a) (b) 
Figure 5.23 Influences of deformation twinning (T) and martensite formation (M) on the (a) 
instantaneous strain hardening rate and (b) engineering stress-strain curve. 
 
Another parameter that could influence austenite stability is the Md temperature. As discussed in 
Section 2.2.2, Si depresses the Md temperature and inhibits martensite formation, while Al increases the 
Md  temperature and promotes martensite formation. Therefore, it is likely that the influences of Si and Al 
on the Md temperature outweigh their influence on the SFE. The current study therefore contradicts 
arguments in the literature that Al, present in austenite solid solution, can stabilize austenite by increasing 
the SFE. Accordingly, increased C-partitioning to austenite due to Al alloying is expected to be the 
dominant contribution to increased austenite stability in Al-alloyed AHSS relative to Si-alloyed AHSS 
(see Section 2.2.2). The possible influence of Al-alloying on retained austenite C-content determination in 
Al-alloyed AHSS is presented in Section 5.10. 
The increased tensile work hardening of the 2.5 Si/2.8 Si-L alloys relative to the Base/2.5 Al 
alloys was attributed to the ability of Si to lower the austenite SFE and promote deformation twinning in 
the two Si-alloyed steels. However, despite the similarities in deformation twinning behavior between the 
2.5 Si and 2.8 Si-L alloys, the 2.8 Si-L alloy displays higher strain hardening than the 2.5 Si alloy at true 
strains above 0.1 (Figure 5.23(a)). Additionally, the 2.5 Al alloy shows higher strain hardening than the 
Base alloy at all strains up to failure of the 2.5 Al alloy. Figure 4.36(d) indicates that more martensite 
forms in the 2.8 Si-L than the 2.5 Si alloy, and more martensite forms in the 2.5 Al alloy than the Base 





been termed transformation induced plasticity (TRIP). The influence of the martensite formation on the 
strain hardening rate and engineering stress-strain curves are indicated in Figure 5.23 (arrows labeled 
“M”). 
5.8.3 Summary of Tensile Properties 
The combination of high UTS (SUTS) and total elongation (etot) is essential to the success of AHSS 
for automotive applications. The product of SUTS*etot is therefore a useful parameter for comparing 
different materials, since it incorporates both strength and ductility. Figure 5.24 shows the dependence of 
the SUTS*etot product on the austenite SFE. Because twinning is promoted by lower austenite SFE values 
(near 20 mJ/m
2
), the SUTS*etot product decreases with increasing SFE beyond this point.   
 
Figure 5.24 Dependence of the SUTS*etot product on the SFE. The 2.8 Si-L SUTS*etot product is 
indicated on the y-axis, since the SFE was not measured for this material. 
 
The dependence of strength and ductility on the SFE has important implications for design of 
AHSS containing austenite. Figure 5.25 shows the experimental alloy strength and ductility values 
superimposed on the AHSS design guidelines proposed by Matlock and Speer [5,6]. The annealed, fully 
austenitic experimental steels are clearly in the lower strength, higher ductility region of properties and do 
not satisfy the requirements for AHSS. Instead, the alloys were designed to understand the influences of 
Si and Al alloying on the austenite deformation behavior and mechanical properties. Inputting the 
different austenite mechanical properties achieved in this study into the Matlock and Speer AHSS 
composite model would result in different predicted AHSS properties; Matlock and Speer showed that the 
austenite-martensite (A+M) composite model is influenced by the austenite properties [5]. Therefore, new 
AHSS designs may require tailoring of the retained austenite SFE to optimize the austenite deformation 
behavior and mechanical properties.  
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Figure 5.25 Total elongation vs. engineering ultimate tensile strength data for the four experimental 
alloys superimposed on the AHSS plot proposed by Matlock and Speer [5,6]. 
 
The typical method for austenite retention in lower alloyed steels is C-partitioning to the 
austenite. Carbon dramatically increases the SFE [44,45]. Therefore, C-partitioning to stabilize austenite 
in the microstructure may simultaneously degrade the austenite mechanical properties. Austenite retention 
has also been explored using Mn-partitioning to austenite. De Cooman and Lee investigated Mn-
partitioning treatments in 10-12 wt pct Mn steels [29]. They found that by optimizing the steel chemistry 
and intercritical annealing/partitioning temperature to control the austenite SFE, both the TWIP and TRIP 
effects could be exploited. The optimized steel had a tensile strength of 1200 MPa and a total elongation 
over 60 pct, yielding a SUTS*etot product of 72,000 MPa*pct [29]. The excellent mechanical properties 
were achieved with much lower levels of Mn alloying than fully austenitic TWIP steels. Clearly new 
AHSS will benefit from design considerations that optimize both the fraction and the mechanical 
properties of retained austenite. 
5.9 Comparison of Tensile and LCF Response 
Austenite SFE has a large influence on the tensile behavior of the experimental steels. The effect 
of Si to lower the SFE promoted deformation twinning, higher tensile strengths, and larger uniform 
elongations in the 2.5 Si/2.8 Si alloys relative to the Base/2.5 Al alloys. However, deformation twinning 
was rarely observed in the 2.5 Si and 2.8 Si alloy LCF specimens, presumably because the applied 
stresses in fatigue loading are insufficient to surpass the partial dislocation breakaway stress (Section 2.3). 
Therefore, twinning did not contribute greatly to the cyclic hardening response in the 2.5 Si and 2.8 Si-L 
alloys. Niendorf et al. also observed that during FCGR testing, the plastic zone of a high Mn TWIP steel 
had a low twin density compared to tensile specimens [91]. Because TWIP is not activated during LCF, 
the 2.5 Si alloy, which displays minimal martensitic transformation and deformation twinning during 
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LCF, shows minimal secondary cyclic hardening at all of the amplitudes tested (Figure 4.2). In fact, the 
2.5 Al alloy shows a higher fatigue strength than the 2.5 Si alloy at all strain amplitudes tested, despite 
having a tensile strength that is 166 MPa lower than the 2.5 Si alloy. 
The increased fatigue strength of the 2.5 Al alloy relative to the 2.5 Si alloy is due to martensitic 
strengthening of the 2.5 Al alloy during LCF loading. The observation that martensite formation, unlike 
deformation twinning, is an effective strengthening mechanism during fatigue loading has important 
implications in material design. The strain-life equation (Equation 5.1) relates the applied total strain 
amplitude to the number of cycles to failure during LCF testing [92,93]:  













ε +=  (5.1)




ε , b, and c. For steels, the exponents b and c are 
assumed to be -0.087 and -0.58 [92]. For conventional steels, the fatigue strength coefficient, '
f
σ , can be 
correlated to the material tensile strength. Similarly, the fatigue ductility coefficient, '
f
ε , can be 
correlated to the material tensile ductility [93]. However, in austenitic TRIP-TWIP steels, this tension-
fatigue correlation is not necessarily satisfied because TWIP operates in tension, but not during LCF. The 
2.5 Si alloy (TWIP only) has a high tensile strength, but low fatigue strength relative to the 2.5 Al and 
2.8 Si-L alloys. The 2.5 Al alloy (TRIP only) has a lower tensile strength but high fatigue strength. The 
2.8 Si-L (TRIP-TWIP) has both a high tensile strength and high fatigue strength. Therefore, deviations 
from classical LCF strain-life behavior are expected in TWIP-TRIP alloys.  
The lack of correlation between work hardening in tensile and fatigue loading may also affect 
high cycle fatigue predictions. The endurance limit (SE) can be modeled by Equation 5.2: 
 utE SconstS ,*=  (5.2)
where the constant accounts for various correction factors, such as temperature, stress state, and surface 
roughness [92]. The high cycle fatigue endurance limit model also assumes that materials with a high 
tensile strength will have a high fatigue strength, and may have the same limitations if applied to 
advanced TRIP-TWIP alloys. Prediction of fatigue properties for AHSS with complex deformation 
behavior may therefore require the development of new fatigue models that account for the activation of 
different work hardening mechanisms in tension and fatigue. Such models could facilitate the 
implementation of AHSS in fatigue-critical structural members. 
5.10 Influence of Al on Austenite C-Content Determination 
It was shown in Table 4.5 that Al increases the austenite lattice parameter by 
0.633x10
-3
 nm/wt pct, assuming a linear relationship between Al content and lattice expansion. Since Al 
alloying increases the austenite lattice parameter, it is important to account for Al alloying in calculations 
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of the austenite C-content based on the lattice parameter. If only carbon is considered to expand the 
lattice, the calculated C-content may be an overestimate. To assess the magnitude of this overestimation 
in Al-alloyed AHSS, the linear lattice parameter coefficients for Al and C must be employed. Values for 
LP
C
A  reported in the literature range from as low as 3.30x10
-3 
nm/wt pct for austenitic stainless steels to as 
high as 4.67x10
-3
 nm/wt pct for low alloy steels [81,94–96]. Equation 5.3 shows how the austenite lattice 









Equation 5.4 shows how the relationship can be rearranged to determine the austenite C-content 
from the measured austenite lattice parameter and the linear elemental lattice parameter coefficients for C 













x −= 0  (5.4)
Equation 5.5 shows the calculation for the C-content over estimate, δC, due to neglecting the Al 
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Aluminum alloying in Al-TRIP steels is often on the order of 1 wt pct. Using the value of LP
Al
A  
found in this study, the range of LP
C
A  values reported in the literature, and assuming xAl is 1 wt pct, the 
value of δC ranges from 0.136 to 0.192 wt pct.  
The magnitude of δC is non-negligible. An increase in retained austenite carbon content in 
multiphase TRIP steels of 0.09 to 0.21 wt pct increases its thermodynamic stability [90]. This carbon 
content range is on the same order of magnitude of the δC estimations above. Thus, the influence of Al on 
the measured retained austenite lattice parameter should not be ignored. It should also be noted that the 
actual value of δC for AHSS depends on the nominal steel composition and thermal processing schedule. 
For example, in intercritically annealed TRIP steel, Al may partition to the intercritical ferrite, resulting in 
retained austenite Al-content, xAl, that is lower than the nominal steel Al-content. Conversely, if the steel 
is fully austenitized instead of intercritically annealed before lower temperature carbon partitioning, the 
Al-content of the austenite retained to room temperature should equal the nominal steel composition; the 
austenite should be homogeneous during austenitization and limited substitutional element partitioning is 
expected during lower temperature carbon partitioning [97]. 
Samek et al. determined the retained austenite C-contents in a 1.5 wt pct Si TRIP steel and a 
1.5 wt pct Al TRIP steel [30]. The 1.5 Al TRIP steel was reported to have a retained austenite C-content 
of 2.2 wt pct, compared to 1.8 wt pct C in the 1.5 Si TRIP steel. The study did not include the effect of Al 
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on the austenite lattice parameter, and therefore it was determined that Al alloying increased the retained 
austenite C-content by 0.4 wt pct. However, assuming that the retained austenite contains 1.5 wt pct Al 
and taking δC ≈ 0.15, the 1.5 Al TRIP steel retained austenite C-content is actually closer to 2.0 wt pct. 
Thus, the retained austenite C-content increase from Al alloying may be closer to 0.2 wt pct C instead of 
0.4 wt pct C, and the extent of C-enrichment from Al alloying may be overstated in the Samek et al. study 
[30]. 
In a similar study, De et al. determined the retained austenite C-contents in a 1.5 wt pct Si TRIP 
steel and a 1 wt pct Al TRIP steel [31]. Under identical heat treatment conditions, the 1.5 wt pct Si TRIP 
steel retained austenite C-content was reported as 1.37 wt pct, while the 1 wt pct Al TRIP steel retained 
austenite C-content was reported as 1.58 wt pct. The study also neglected the influence of Al on austenite 
lattice expansion and determined that Al increased the retained austenite C-content by 0.21 wt pct. If the 
influence of Al on austenite lattice parameter is included, the 1 wt pct Al TRIP steel retained austenite C-
content is reduced to 1.43 wt pct and the retained austenite C-content increase from Al alloying is reduced 
to 0.06 wt pct C. Therefore, the extent of C-enrichment from Al alloying may also be overstated in the De 
et al. study [31]. 
The corrections proposed above to the Samek et al. and De et al. Al TRIP steels represent an 
upper bound for the influence of Al on measured retained austenite C-contents; the corrections assumed 
that the retained austenite Al-content equaled the bulk steel Al-content. If Al partitions to ferrite during 
intercritical annealing, then the retained austenite Al-content is lower than the bulk steel Al-content, and 
the Al correction to the austenite lattice parameter is also lower. 
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CHAPTER 6: CONCLUSIONS 
The following conclusions regarding the Base, 2.5 Si, 2.5 Al, and 2.8 Si-L alloys were reached as 
a result of mechanical and microstructural characterization: 
1. Fully austenitic steels with 2.5 wt pct Si and Al were successfully processed using a Base 
composition of 15 Ni – 11 Cr – 1 Mn – 0.03 C (wt pct). Addition of 2.5 wt pct Al increased 
the SFE by 12 mJ/m
2




2. Martensite formation during LCF is initiated by a strain induced mechanism. Martensite 
predominantly occurs as irregular bands with a single orientation and martensite variant. The 
following nucleation characteristics were determined: 
a. Nucleation occurs on austenite shear bands, including planes of high dislocation 
density, overlapping planes of high dislocation density and extended stacking faults, 
or HCP ε-martensite. 
b. Aluminum promotes martensite formation, while Si inhibits martensite during LCF. 
Therefore, increasing the SFE with Al alloying does not inhibit martensite nucleation. 
 
3. Martensite formation during LCF led to secondary cyclic hardening of approximately 
7 MPa/pct martensite.  
 
4. Aluminum also promotes martensite formation during tensile loading, while Si inhibits 
tensile transformation, in agreement with the LCF results. Silicon also promoted deformation 
twinning by lowering the SFE. Both martensite and deformation twin formation increased 
tensile strain hardening, but deformation twinning led to better combinations of strength and 
ductility. 
 
5. Deformation twinning was not prevalent during LCF loading, even in the Si-alloyed 
materials. Deformation twinning therefore did not contribute to cyclic strain hardening.  
 
6. One wt pct Al alloying expands the austenite lattice the same amount as approximately 
0.15 wt pct C alloying. Aluminum should therefore be accounted for in austenite C-content 
measurements derived from the lattice parameter. 
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CHAPTER 7: FUTURE WORK 
This research project utilized polycrystalline austenitic steels with different Si and Al additions to 
understand the influences of these elements on austenite stacking fault energy (SFE), stability, and 
deformation response during low cycle fatigue (LCF) loading. The following opportunities to extend the 
research were identified: 
 
1. Utilize single crystal specimens to study martensite nucleation during fatigue loading. Single 
crystals allow sectioning of the specimen at known orientations relative to the primary slip 
plane for transmission electron microscopy (TEM) evaluation. Sectioning the specimen at 
different angles to the primary slip plane may provide additional insight into the role of 
austenite shear bands on martensite nucleation during fatigue. Additionally, single crystal 
specimens lack grain to grain compatibility strains. Therefore, the compatibility strains 
introduced by martensite formation, and their influence on the dislocation structure of the 
untransformed austenite, could be more easily studied. 
 
2. Extend the single crystal TEM experiments using electron tomography. Electron tomography 
would assist identifying the 3D structure of the austenite shear bands. Specifically, the role of 
cross slip in shear band formation could be clarified, since electron tomography would provide 
unique views of both the primary and cross slip planes. 
 
3. Perform in-situ cyclic loading TEM experiments to elucidate the specific mechanisms 
involved in martensite nucleation on austenite shear bands. Bulk specimens could be pre-
fatigued to the end of primary cyclic hardening to introduce early shear bands, like that shown 
in Figure 5.20. Pre-fatiguing and identifying early shear bands would increase the probability 
of observing martensite nucleation during in-situ TEM cycling. 
 
4. Extend the TEM analysis of strain induced martensite formation to other fatigue loading 
scenarios, such as fatigue crack growth rate (FCGR) testing. Scanning electron microscopy 
(SEM) with electron backscatter diffraction capability would allow identification of regions of 
martensite formation near the fatigue crack. Focused ion beam milling (FIB) could be used to 
section electron-transparent thin foils from regions containing martensite for TEM analysis. 
Comparison of the FCGR dislocation structures associated with martensite nucleation with the 
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austenite shear bands observed in this study may allow development of a general model for 
strain induced martensite nucleation during fatigue loading. 
 
5. Development of new fatigue strength and strain-life models for TRIP-TWIP alloys, since the 
alloys do not necessarily demonstrate proportional monotonic and cyclic stress-strain 
response. The models should account for the effectiveness of martensite strengthening in both 
tension and fatigue loading. However, strengthening from deformation twinning should be 
restricted to tensile loading only. 
 
6. Extend the results of strain induced martensite nucleation during fatigue to advanced high 
strength steels (AHSS) containing metastable austenite. The use of fully austenitic steels in 
this study facilitated TEM observations of martensite nucleation on austenite shear bands. It 
may be possible to compare AHSS fatigue microstructures to the shear bands observed in this 
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APPENDIX A: AXIAL FERTISCOPE MEASUREMENTS 
All of the Feritscope magnetic measurements reported in the thesis document were obtained from 
the curved surface of round bar specimens. However, surface curvature is known to reduce Feritscope 
magnetic fraction readings relative to those taken on flat surfaces [98]. To understand the effect of surface 
curvature on fatigue induced martensite measurements in the experimental alloys, select specimens were 
also sectioned perpendicular to specimen axis to permit Feritscope measurements on flat, axial sections. 
Figure A.1 shows the correlation between axial Feritscope measurements taken on flat surfaces and radial 
Feritscope measurements taken on the round surfaces of LCF specimens. Figure A.1 confirms that the 
curved surface readings are lower than flat surface readings.  
 
Figure A.1 Axial (flat surface) vs. radial (curved surface) Feritscope measurements for round bar 
LCF specimens with a 6.35 mm (0.25 in) gauge diameter. 
 
Talonen et al. also showed that Feritscope magnetic measurements of deformation induced 
martensite on flat specimens under-represent the true martensite fraction [72]. Their analysis showed that 
the true martensite fractions are obtained by multiplying the Feritscope readings by a constant factor of 
1.7. Therefore, both the specimen curvature correction and the factor of 1.7 correction could be applied to 
the experimental data. However, since the diameters of tensile specimens depend on the applied strain 
history, tensile data correction may be more complex. Therefore, no martensite fraction corrections were 






APPENDIX B: BASE ALLOY HIGH AMPLITUDE LCF 
Cyclic hardening data were not included for the Base alloy at 0.75 pct total strain amplitude in 
Figure 4.2(a), because a valid LCF test was not conducted for this condition. Figure B.1 shows three trial 
LCF tests of the Base alloy at 0.75 pct total strain amplitude (solid black lines). All three tests show 
identical primary cyclic strain hardening. However, the first two tests to terminate undergo sharp 
increases in stress amplitude after a low number of cycles, approximately 100 and 250 cycles, 
respectively. In contrast to the gradual increases in stress amplitude associated with martensite formation 
(Figure 4.2(a)), the rapid increases in stress amplitude actually arise from increased compressive 
displacements and stresses due to an apparent instability in the compressive portions of the cycles; the 
specimens were observed to undergo apparent buckling at the onset of the compressive stress increase. 
The tests were terminated automatically by the mechanical testing procedure because the compressive 
displacement limit, which was established using the successful tests of the 2.8 Si-L alloy and a 
commercial AISI 304 stainless steel dummy specimen (also shown in Figure B.1), was exceeded. 
 
 
Figure B.1 Base alloy cyclic hardening curves for three trials at 0.75 pct total strain amplitude. The 
data for the Base alloy tested at 0.9 pct total strain amplitude and a commercial AISI 304 
stainless steel tested at 0.75 pct total strain amplitude are also shown. 
 
The third trial experienced compressive instability after approximately 500 cycles. However, the 
instability did not trigger the testing procedure compressive displacement limit. Instead, a macroscopic 
fatigue crack was observed on the specimen surface shortly after the onset of compressive instability. The 
fatigue crack formed on the “compressive” side of the apparent buckle and led to failure from fatigue 
crack propagation, not triggering of the compressive limits. The test was not considered valid due to the 
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apparent macroscopic buckling. Additionally, even though the specimen failed through fatigue crack 
propagation, the fatigue life for the third trial at 0.75 pct strain amplitude is actually shorter than the 
fatigue life at 0.9 pct strain amplitude (also shown in Figure B.1), which contradicts the expected trend. 
The instability in compression was determined to be an inherent instability response of the Base 
alloy at the test amplitude and not an artifact of machine misalignment. First, successful tests of the 
2.5 Al, 2.5 Si, 2.8 Si-L, and AISI 304 steels were conducted at 0.75 strain amplitude. Second, the machine 
alignment was checked in between the three Base alloy trials. Third, the “compressive” side of the 
apparent buckles did not occur systematically on the same side of the specimen. Therefore, despite 
placing the extensometer on different circumferential locations on the specimen for each of the three 
trials, the tests could not be conducted without instability. Fourth, the fatigue crack on the “compressive” 
side of the third trial buckle is not consistent with traditional bending-type frame misalignment, which 
instead promotes cracking on the tensile side of the specimen bend. 
The Base alloy instability was not further investigated in this study because it was not one of the 
identified experimental objectives. However, the instability may be due to strain localization in the Base 
alloy. The Base alloy specimen cycled at 0.6 pct total strain amplitude displayed a large fraction of wall 
and channel PSB structures, which are localized regions of high plastic strain. Therefore, the macroscopic 
local strains may have far exceeded the bulk strains measured by the extensometer. Because the tests were 
extensometer controlled, severe macroscopic strain localization would lead to cyclic overshooting. 
Clearly compressive instability is more critical than tensile instability, because buckling is more easily 
achieved than tensile necking. 
Nilsson investigated the LCF behaviors of AISI 316 and a nitrogen-alloyed austenitic stainless 
steel [99]. The AISI 316 steel demonstrated more wavy slip character (dislocation cells), and the nitrogen-
alloyed steel demonstrated more planar slip character (planar dislocation configurations). The nitrogen-
alloyed steel had a longer fatigue life than the wavy slip AISI 316 steel. Nilsson attributed the improved 
fatigue life of the nitrogen-alloyed steel to its planar slip character, since low stacking fault energy (SFE), 
planar slip, Cu-Al alloys have longer fatigue lives than pure Cu (wavy slip) [99]. Planar slip improves the 
fatigue life by increasing the resistance to strain localization through cross slip. Considering the four 
experimental alloys, the Base alloy had a higher SFE than the 2.5 Si alloy. Additionally, the Base alloy 
demonstrated a large fraction of wall and channel PSB structures, which are regions of localized strain, 
while the 2.5 Si alloy contained larger fractions of bundle/vein structures that are not localized. Therefore, 
the Base alloy compression instability may be due to its SFE and tendency to form PSB structures. 
The 2.5 Al alloy has a higher SFE than the Base alloy, and may also be prone to strain 
localization. However, the 2.5 Al alloy was more resistant to localization than the Base alloy, since 
successful 2.5 Al LCF tests were conducted at all five strain amplitudes. The increased localization 
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resistance of the 2.5 Al alloy relative to the Base alloy may derive from increased martensite formation in 
the 2.5 Al alloy; TEM showed that martensite forms in regions of high local plastic strain. Nonetheless, 
the 2.5 Al alloy was apparently not immune to LCF life degradation through strain localization. 
Figure 4.3 showed that the 2.5 Al alloy experienced the most martensite formation at an intermediate 
strain amplitude of approximately 0.6. The reduced martensite formation at higher amplitudes may be due 
to more pronounced strain localization, that could not all be offset by martensite formation, and earlier 
fatigue crack generation. Earlier fatigue crack generation would curtail the secondary hardening regime 
during which martensite is formed (see the 0.9 pct strain amplitude curve in Figure 4.2(c)). In contrast, 
the 2.8 Si-L alloy, which is inferred to have a low SFE, forms increasing martensite fractions with 
increasing strain amplitude. Therefore, the 2.8 Si-L alloy may be more resistant to severe strain 
localization than the 2.5 Al alloy. 
The effect of SFE on LCF life in the experimental alloys is not readily observed from the strain-
life curves (Figure 4.5). However, the strain-life curves are also influenced by martensite formation; 
martensite formation is detrimental at higher strain amplitudes because it increases the stress and 
promotes crack opening. Because the strain-life behavior is difficult to deconvolute, and because the 
focus of the research was on the more general details of martensite formation, the influence of SFE on 
LCF life was not further investigated. A more systematic study of the effect of SFE on LCF life could 



















APPENDIX C: EXAMPLE STRESS-STRAIN HYSTERESIS LOOPS 
Figure C.1 shows examples of stabilized hysteresis loops for the four alloys at 0.3, 0.6, and 
0.9 pct total strain amplitude. 
  
(a) Base (b) 2.5 Si 
  
(c) 2.5 Al (d) 2.8 Si-L 
Figure C.1  Stabilized engineering stress-strain hysteresis loops for (a) Base, (b) 2.5 Si, (c) 2.5 Al, 
and (d) 2.8 Si-L alloys at 0.3 (inner loops), 0.6 (intermediate loops), and 0.9 pct total 
strain amplitude (outer loops). The cycle numbers (N) for each loop are indicated. 
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The hysteresis loops in Figure C.1 indicate that the mechanical testing frame was properly 
configured for the LCF tests. Figure C.2 shows the evolution of the hysteresis loop with cycle number for 
the 2.5 Al alloy at 0.6 pct total strain amplitude. Initial increases in stress (and corresponding decrease in 
plastic strain amplitude) up to the stabilization regime (approximately 100 cycles) is due to dislocation 
generation. The additional hardening shown at 1000 and 2000 cycles is due to martensite formation. 
 
Figure C.2 Engineering stress-strain hysteresis loops for the 2.5 Al alloy at 0.6 pct total strain 








APPENDIX D: SUPPLEMENTARY TENSILE TESTING RESULTS 
Figure 5.5 showed the martensite fractions of LCF specimens cycled to different extents at 0.6 pct 
total strain amplitude, both before and after liquid nitrogen (LN2) cooling. The 2.5 Al and 2.8 Si-L alloys 
were tested because they formed the most martensite. Analogous experiments were conducted with tensile 
specimens strained different amounts. Figure D.1 shows that similarly to the LCF tests, the 2.5 Al alloy is 
resistant to athermal martensite formation irrespective of strain history. The 2.8 Si-L alloy also shows 
similar behavior to the LCF tests. At low pre-strains (less than 3 pct), the amount of martensite that is 
formed by LN2 cooling is the same as that formed in an annealed specimen. However, at 10 pct pre-
strain, athermal martensite formation is suppressed due to increased strength of the austenite matrix. 
Beyond 10 pct pre-strain, no additional martensite is induced by LN2 cooling. Therefore, it is concluded 
that tensile strain induced martensite nucleation sites are also resistant to athermal transformation. 
  
(a) 2.5 Al (b) 2.8 Si-L 
Figure D.1 Feritscope magnetic fraction for various tensile pre-strains both before and after liquid 
nitrogen (LN2) cooling for the (a) 2.5 Al and (b) 2.8 Si-L alloys. The triangles indicate 
measurements for zero pre-strain (i.e. annealed specimens). 
 
Fatigue strain induced martensite nucleation sites are also resistant to athermal transformation 
(see Section 5.2). Pre-cycled specimens of the 2.8 Si-L alloy were also subjected to subsequent tensile to 
testing to assess if different levels of pre-cycling, with corresponding differences in LCF microstructure, 
displayed different martensite formation behavior during tensile loading. Figure D.2(a) shows the 
evolution of Feritscope magnetic fraction with tensile strain for specimens pre-cycled 35 and 160 times at 
0.6 pct total strain amplitude; reference data for an annealed specimen is also shown. The numbers of pre-
cycles were chosen to represent the end of primary hardening (35 cycles) and the trough of cyclic 
stabilization (160 cycles). The transformation data for the two pre-cycled specimens overlap. Therefore, 
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subsequent tensile martensite formation is not sensitive to the number of fatigue pre-cycles used. 
However, both pre-cycled conditions display slower tensile transformation rates with applied strain 
relative to the annealed condition. The suppressed tensile transformation is attributed to the increased 
austenite strength from pre-cycling. Figure D.2(b) shows the true stress-strain curves for the annealed and 
two pre-cycled conditions. The two pre-cycled conditions show overlapping stress-strain behavior. 
However, the strengths of the two pre-cycled specimens exceed the annealed specimen at all strains up 
until failure. The increased strength from pre-cycling also reduces the uniform elongation. 
Because subsequent tensile martensite formation is not sensitive to the level of pre-cycling in the 
2.8 Si-L alloy, the technique was not extended to the 2.5 Al alloy. However, there may be some benefit to 





Figure D.2 (a) Feritscope magnetic pct measurements as a function of true strain for 2.8 Si-L alloy 
specimens pre-cycled 35 and 160 times at 0.6 pct total strain amplitude. Reference data 
for an annealed (i.e. zero cycles) specimen is also shown. (b) True stress-strain curves for 
the same conditions shown in (a). 
 
 
 
 
 
 
